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1. INTRODUCTION

The physics and chemistry of nanoscale systems have
advanced significantly over the last 10 years and there are
attractive prospects for translating these original scientific
developments into a new generation of high technology
materials and processes [1-7]. Since nanotechnology is
a generic technology, it cuts across several industrial
sectors, from chemistry to electronics, from sensors to
biotechnologies and advanced nanostructured materials.
In this general context, the design and fabrication of
nanostructured systems and the study of their specific
properties are playing increasingly important roles. More
generally, growth of new materials with tailored proper-
ties is one of the most active research directions for physi-
cists. As pointed out by Silvan Schweber in his brilliant
analysis of the evolution of physics after World War 1I:
“An important transformation has taken place in physics:
As had previously happened in chemistry, an ever larger
fraction of the efforts in the field [is] being devoted to the
study of novelty [creation of new structures, new objects
and new phenomena] rather than to the elucidation of
fundamental laws and interactions [. . .]. Condensed mat-
ter physics has indeed become the study of systems that
have never before existed” [8].

There are different ways to build up nanostructured
systems [7]: atomic deposition [9], mechanical milling
[10], chemical methods [6, 11], gas-aggregation tech-
niques [4, 12-14]. Each of these techniques has its own
advantages, but, as happens with atomic deposition tech-
niques, the requisites of control (in terms of characteri-
zation and flexibility) and efficiency (in terms of quantity
of matter obtained per second) are generally incom-
patible. For example, chemical syntheses generally offer
the unique advantage of preparing large quantities of
nanostructured matter while the physical ones mentioned
above (except the mechanical synthesis) are very often
limited to the preparation of thin films. However, these
last methods still seem promising in terms of specificity of
the nanoparticle structures and properties related to their
nonequilibrium preparation conditions generally charac-
terized by relatively high cooling rates. As physicists wish-
ing to understand the details of the processes involved
in the building of these nanostructures, we will focus in
this chapter on a carefully controlled method: low energy
cluster deposition [13]. Clusters are large “molecules”
containing typically from a few tens to a few thousand
atoms, and they have been studied for their specific phys-
ical properties (mostly due to their large surface to vol-
ume ratio) which are size dependent and different from
both the constituting atoms and the bulk material [3, 15—
18]. By depositing preformed clusters on a substrate, one

can build nanostructures of two types: in the submono-
layer range, separated (and hopefully ordered) nanois-
lands, and for higher thicknesses, thin films or cluster
assembled materials. The main advantage of the clus-
ter deposition technique is that one can carefully control
the building block (i.e., the cluster) and characterize the
growth mechanisms. By changing the size of the incident
clusters one can change the growth mechanisms [19, 20]
and the characteristics of the materials. For example, it
has been shown that by changing the mean size of the
incident carbon clusters, one can modify the properties
of the carbon film, from graphitic to diamondlike [21].
This chapter is organized as follows. First, we present
briefly the interest of nanostructures, both in the domain
of nanoislands arranged on a substrate and as nanos-
tructured, continuous films. We also review the differ-
ent strategies employed to deposit clusters on a substrate:
by accelerating them or by achieving their soft-landing.
The scope of this section is to convince the reader that
cluster deposition is a promising technique for nanos-
tructure growth in a variety of domains and therefore
deserves a careful study. In Section 3, models for cluster
deposition are introduced. These models can also be use-
ful for atomic deposition in some simple cases, namely
when aggregation is irreversible. The models are adapted
here to the physics of cluster deposition. In this case,
reevaporation from the substrate can be important (as
opposed to the usual conditions of molecular beam epi-
taxy), cluster—cluster aggregation is always irreversible (as
opposed to the possibility of bond breaking for atoms
[22]), and particle—particle coalescence is possible. After a
brief presentation of kinetic Monte Carlo simulations, we
show how the submonolayer regime can be studied in a
wide variety of experimental situations: complete conden-
sation, growth with reevaporation, nucleation on defects,
formation of two- and three-dimensional islands. ...
Since we want these models to be useful for experi-
mentalists, Section 5 is entirely devoted to the presenta-
tion of a strategy on how to analyze experimental data
and extract microscopic parameters such as diffusion and
evaporation rates. We remind the reader that a simple
software simulating all these situations is available at no
cost on simple request to the author. Section 6 analyzes
in detail several experiments of cluster deposition. These
studies serve as examples of the recipes given in Section
5 to analyze the data and also to demonstrate that clus-
ters can have surprisingly large mobilities (comparable to
atomic mobilities) on some substrates. A first interpreta-
tion of these intriguing results at the atomic level is given
in Section 7, where the kinetics of cluster—cluster coales-
cence is also studied. The main results of this section are
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that high cluster mobilities can be achieved provided the
cluster does not find an epitaxial arrangement on the sub-
strate and that cluster—cluster coalescence can be much
slower than predicted by macroscopic theories. Finally,
Section 8 gives some examples of the original properties
which can be obtained with this original technique. We
will present the original electronic structures and prop-
erties of covalent semiconducting nanostructured systems
based on pure silicon or mixed silicon—carbon cagelike
clusters (fullerenes and heterofullerenes). Also, nanos-
tructured systems from metallic clusters for applications
to magnetic (i.e., Co or SmCo;s clusters) or optical nanos-
tructures (i.e., Ag, Au, Au,Ag,_, clusters) are described.

A note on terminology: The structures formed on the
surface by aggregation of the clusters are called islands.
This is to avoid possible confusion with the terms usually
employed for atomic deposition where the clusters are
the islands formed by aggregation of atoms on the sur-
face. Here, the clusters are preformed in the gas phase
before deposition. We use coverage for the actual portion
of the surface covered by the islands and thickness for the
total amount of matter deposited on the surface (see also
Table 1).

2. DIFFERENT TYPES OF NANOSTRUCTURES

There are two distinct (though related) domains where
nanostructures can be interesting for applications.
The first stems from the desire for miniaturization
of electronic devices. Specifically, one would like to grow
organized nanometer size islands with specific electronic
properties. As a consequence, an impressive quantity of
deposition techniques has been developed to grow care-
fully controlled thin films and nanostructures from atomic
deposition [9]. While most of these techniques are com-
plex and keyed to specific applications, molecular beam
epitaxy (MBE) [28] has received much attention from the
physicists [29], mainly because of its (relative) simplicity.
The second subfield is that of nanostructured materials
[7], as thin or thick films, which show (mechanical, cat-
alytic, optical) properties different from their microcrys-
talline counterparts [4, 5, 11, 30, 31].

We will now briefly review the two subfields since clus-
ter deposition can be used to build both types of nanos-
tructures. Moreover, some of the physical processes stud-
ied below (such as cluster—cluster coalescence) are of
interest for both types of structure.

2.1. Organized Nanoislands

There has been a growing interest for the fabrication
of organized islands of nanometer dimensions. One of
the reasons is the obvious advantage of miniaturizing the
electronic devices both for device speed and density on a
chip (for a simple and enjoyable introduction to the pro-
gressive miniaturization of electronics devices, see [32]).

Table 1. Principal symbols and terms used in this chapter. The natu-
ral length unit in the model corresponds to the mean diameter of an
incident cluster or to the distance between jump sites for atoms.

Symbols and terms Units, remarks

Particle adatom or incident cluster

Island structure formed on the surface by aggregation
of particles

ML monolayer: the amount of matter needed to
cover uniformly the substrate with one layer of
particles

F impinging flux expressed in monolayers (or par-
ticles per site) per second

Site area occupied by a cluster on the surface site =

7d? /4 (cluster deposition) or by an atomic site
(atomic case)
T diffusion time: mean time needed for a particle
to make a jump between two sites (in seconds)
evaporation time: mean time before a monomer
evaporates from the surface

n number of atoms of the cluster

d cluster diameter in nm, d = dyn'? where d,
depends on the element

¢ normalized flux (¢ = F7) expressed in clusters
per site

D diffusion coefficient expressed in cm?s™! (D =
site/41)

e mean thickness of the film, e = Ft where ¢ is the
deposition time

0 coverage; fraction of the substrate covered by the
particles

N, island density on the surface, expressed per site

Ny saturation (maximum) island density on the sur-
face, expressed per site

Ceat condensation coefficient (ratio of matter actually
present on the substrate over the thickness) at
saturation

p particle density on the surface, expressed per site

Ig mean distance between two islands at saturation
ls~ st;l/z

X mean diffusion length on the substrate before
desorption: X5 = /D,

Lee the island-island distance at saturation when

there is no evaporation

But it should be noted that at these scales, shrinking the
size of the devices does also change their properties, due
to quantun confinement effects. Specifically, semiconduc-
tor islands smaller than the Bohr diameter of the bulk
material (from several nm to several tens of nm) show
interesting properties: as their size decreases, their effec-
tive bandgap increases. The possibility to tailor the elec-
tronic properties of a given material by playing on its
size has generated a high level of interest in the field of
these quantum dots [33]. But quantum dots are not the
only driving force for obtaining organized nanoislands.
Isolated nanoparticles are also interesting as model cat-
alysts (see [34, 35] and Chapter 12 of [7]). Clearly, using
small particles increases the specific catalytic area for a
given volume. More interesting, particles smaller than 4-
5 nm in diameter might show specific catalytic proper-
ties, different from the bulk [35, 36], although the precise
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mechanisms are not always well identified (Chapter 12
of [7]). One possibility is the increase, for small particle
sizes, of the proportion of low coordination atoms (cor-
ners, kinks) whose electronic (and therefore catalytic)
properties are expected to be different from bulk atoms.
For even smaller particles (1-2 nm), the interaction with
the substrate can significantly alter their electronic prop-
erties [37]. Recently, there have been attempts at organiz-
ing the isolated islands to test the consequences on the
catalytic properties [38]. Obtaining isolated clusters on a
surface can also be interesting to study their properties.
For example, Schaefer et al. [39] have obtained isolated
gold clusters onto a variety of substrates to investigate the
elastic properties of single nanoparticles by atomic force
microscopy (AFM).

Let me now briefly turn to the possible ways of obtain-
ing such organized nanoislands. Deposition of atoms on
carefully controlled substrates is the main technique used
presently by physicists to try to obtain a periodic array of
nanometer islands of well-defined sizes. A striking exam-
ple of organized nanoislands is given in [40]. The tri-
angular islands have been grown on the dislocation net-
work formed by the second Ag atomic layer on Pt(111).
Beautiful as these triangles are, they have to be formed
by nucleation and growth on the substrate, and there-
fore the process is highly dependent on the interaction of
the adatoms with the substrate (energy barriers for dif-
fusion, possibility of exchange of adatoms and substrate
atoms, ...). This drastically limits the range of possible
materials that can be grown by this method. However, the
growth of strained islands by heteroepitaxy is under active
study, since stress is a force which can lead to order, and
even a tunable order, as observed for example in the sys-
tem PbSe/Pb,_,Eu, Te [41] (see [42, 43] for further details
on stress).

In this chapter, we will focus on an alternative
approach to form nanoislands on substrates: instead of
growing them by atom-atom aggregation on the sub-
strate, a process which dramatically depends on the
idiosyncrasies of the substrate and its interaction with
the deposited atoms, one can prepare the islands (as
free clusters) before deposition and then deposit them.
It should be noted that the cluster structure can be
extensively characterized prior to deposition by several
in-flight techniques such as time-of-flight mass spectrom-
etry, photoionization, or fragmentation [44]. Moreover,
the properties of these building blocks can be adjusted by
changing their size, which also affects the growth mech-
anisms and therefore the film morphology [19, 20]. A
clear example of the possibility to change the film mor-
phology by varying only the mean cluster size was given
a few years ago by Fuchs et al. [19] and this study has
been extended recently by Brechignac’s group for larger
cluster sizes [20]. Figure 1 shows an example of how
thin film morphology can be changed by changing the
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Figure 1. By changing the mean size of the incident antimony clusters,
one can dramatically change the morphology of the submonolayer film.
The four micrographs have been obtained for the same thickness (1 nm)
and deposition rate (5 x 107> nms™!). The mean sizes are: (a) Sb,, (b)
Sb, 6, (a) Sb;6, (a) Sb,40. The changes in morphology are interpreted
by the different mobilities of the clusters as a function of their size, as
well as their different coalescence dynamics and sensitivity to surface
defects.

mean cluster size. There are several additional inter-
ests for depositing clusters. First, these can be grown in
extreme nonequilibrium conditions, especially with the
laser vaporization technique, which allows one to obtain
metastable structures or alloys. It is true that no islands
grown on a substrate are generally in equilibrium, but the
quenching rate is very high in a beam, and the method
is more flexible since one avoids the effects of nucle-
ation and growth on a specific substrate. For example,
PdPt alloy clusters—which are known to have interest-
ing catalytic properties—can be prepared with a precise
composition (corresponding to the composition of the
target rod used in the cluster source;) and variable size
and then deposited on a surface [45]. The same is true
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for SiC clusters where one can modify the electronic
properties of the famous Cg, clusters by introducing in
a controlled way Si atoms before deposition [46]. This
allows one to tune within a certain range the proper-
ties of the films by choosing the preparation conditions
of the preformed clusters. It might also be anticipated
that cluster nucleation is less sensitive to impurities than
atomic nucleation. Atomic island growth can be dramat-
ically affected by them, as exemplified by the celebrated
case of the different morphologies of Pt islands grown on
Pt(111) [47] which were actually the result of CO con-
tamination at an incredibly low level: 1071 mbar [48].
Instead, clusters, being larger entities, might interact less
specifically with the substrate and its impurities. There
is still no systematic way of organizing the clusters on
a surface. One could try to pin them on selected sites
such as defects or to encapsulate the clusters with organic
molecules before deposition in order to obtain ordered
arrays on a substrate [49].

2.2. Nanostructured Materials

Although the main focus in this chapter is the under-
standing of the first stages of growth, it is worth point-
ing out the interest in thicker nanostructured films (for a
recent review of this field, see [7]). It is known [4, 5, 30]
that the (magnetic, optical, and mechanical) properties of
these films can be intrinsically different from their macro-
crystalline counterparts. The precise reasons for this are
currently being investigated, but one can cite the pres-
ence of a significant fraction (more than 10%) of atoms in
configurations different from the bulk configuration, for
example in grain boundaries [1]. It is reasonable to sup-
pose that both dislocation generation and mobility may
become significantly difficult in nanostructured films [4].
For example, recent studies of the mechanical deforma-
tion properties of nanocrystalline copper [50] have shown
that high strain can be reached before the appearance of
plastic deformation. A review of the effects of nanostruc-
turation on the mechanical response of solids is given by
Weertman and Averback in Chapter 13 of [7]. Another
interesting property of these materials is that their crys-
talline order is intermediate between that of the amor-
phous materials (first neighbor order) and of crystalline
materials (long range order). It is given by the size of
the crystalline cluster, which can be tuned. For example,
magnetic nanostructured materials can be modelled using
the random anisotropy model developed for amorphous
materials [51], just by adjusting the size of the local mag-
netic order to the size of the crystalline nanodomains
(i.e., the size of the clusters) [52].

2.3. How Can One Deposit Clusters on Surfaces?

After detailing the potential interests of nanostructures,
we now address the practical preparation methods by
cluster deposition. Two main variants have been explored.

Historically, the first idea has been to produce beams of
accelerated (ionized) clusters and take advantage of the
incident kinetic energy to enhance atomic mobility even
at low substrate temperatures. This method does not lead
in general to nanostructured materials but to films similar
to those obtained by atomic deposition, with sometimes
better properties. A more recent approach is to deposit
neutral clusters, with low energy to preserve their pecu-
liar properties when they reach the surface. The limit
between the two methods is roughly at a kinetic energy
of 0.1 to 1 eV/atom.

2.3.1. Accelerated Clusters

The group at Kyoto University was the first to explore
the idea of depositing clusters with high kinetic energies
(typically a few keV) to form thin films [53]. The basic
idea of the ionized cluster beam (ICB) technique is that
the cluster breaks upon arrival and its kinetic energy is
transferred to the adatoms which then have high lateral
(i.e., parallel to the substrate) mobilities on the surface.
This allows one in principle to achieve epitaxy at low
substrate temperatures, which is interesting to avoid dif-
fusion at interfaces or other activated processes. Several
examples of good epitaxy by ICB have been obtained by
the Kyoto group: Al/Si [54] which has a large mismatch
and many other couples of metals and ceramics on var-
ious crystalline substrates such as Si(100), Si(111), etc.
Molecular dynamics (MD) simulations have supported
this idea of epitaxy by cluster spreading [55]. The reader
is referred to Yamada’s reviews [53] for an exhaustive list
of ICB applications, which also includes high energy clus-
ter bombardment of surfaces to achieve sputter yields sig-
nificantly higher than those obtained from atomic bom-
bardment [56].

However, the physics behind these technological suc-
cesses is not clear. In fact, the very presence of a signif-
icant fraction of large clusters in the beam seems dubi-
ous [57, 58]. There is some experimental evidence [53]
offered by the Kyoto group to support the effective pres-
ence of a significant fraction of large clusters in the beam,
but the evidence is not conclusive. In short, it is difficult
to make a definite judgement about the ICB technique.
There is no clear proof of the presence of clusters in the
beam and the high energy of the incident particles ren-
ders difficult any attempt of modelling. The Kyoto group
has clearly shown that ICB does lead to good quality
films in many cases but it is not clear how systematic
the improvement is when compared to atomic deposition
techniques.

Haberland’s group in Freiburg has developed recently
a different technique called energetic cluster impact
(ECI) where a better controlled beam of energetic clus-
ters is deposited on surfaces [59]. Freiburg’s group has
shown that accelerating the clusters leads to improve-
ments in some properties of the films: depositing slow
clusters (energy per atom 0.1 eV) produces metal films
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which can be wiped off easily, but accelerating them
before deposition (up to 10 eV per atom) results in
strongly adhering films [60]. MD simulations of cluster
deposition [60] have explained qualitatively this behavior:
while low energetic clusters tend to pile up on the sub-
strate, leaving large cavities, energetic clusters lead to a
compact film. It is interesting to note that, even for the
highest energies explored in the MD simulations (10 eV
per atom), no atoms were ejected from the cluster upon
impact. The effect of film smoothening is only due to the
flattening of the cluster when it touches the substrate.
Some caution on the interpretation of these simulations
is needed because of the very short time scales which
can be simulated (some ps). Similar MD simulations of
the impact of a cluster with a surface at higher ener-
gies have also been performed [61]. Recently, Palmer’s
group [62] has studied the interaction of Ag clusters on
graphite for various incident kinetic energies (between
15 and 1500 eV). They have shown that, for small (Ag;)
clusters, the probability of a cluster penetrating the sub-
strate critically depends on its orientation relative to the
substrate.

2.3.2. Low Energy Clusters

Another strategy to grow nanostructures with clus-
ter beams consists of depositing low energy particles
[13, 14, 20, 49, 63-67], as pioneered in the 1980s at Lyon
University [13], termed low energy cluster beam depo-
sition (LECBD). Ideally, by depositing the clusters with
low kinetic energies, one would like to conserve the mem-
ory of the free cluster phase [13] to form thin films with
original properties. Since the kinetic energy is of the
order of 10 eV per cluster [68] (i.e. a few meV per atom
which, is negligible compared to the binding energy of an
atom in the cluster), no fragmentation of the clusters is
expected upon impact on the substrate. Low energy clus-
ter films are generally porous [60, 69], which is interesting
in noting one of the peculiarities of the clusters: their
high surface/volume ratio which affects all the physical
(structural, electronic) properties as well as the chemi-
cal reactivity (catalysis). Concerning deposition of carbon
clusters, experiments [13, 21] as well as simulations [70]
have shown that the carbon clusters preserve their iden-
tity in the thick film. Another interesting type of nanos-
tructured film grown by cluster deposition is the growth
of cermets by combining a cluster beam with an atomic
beam of the encapsulating material [71]. The point is
that the size of the metallic particles is determined by
the incident cluster size and the concentration by the
ratio of the two fluxes. Then, these two crucial parame-
ters can be varied independently, in contrast to the cer-
mets grown from atomic beams and precipitation upon
annealing.

Cluster beams are generated by different techniques:
multiple expansion cluster source (MECS) [39], gas

aggregation [12, 13, 63, 72, 73], etc. All these techniques
produce a beam of clusters with a distribution of sizes,
with a dispersion of about half the mean size. For sim-
plicity, we will always refer to this mean size. In gas-
aggregation techniques, an atomic vapor obtained from
a heated crucible is mixed with an inert gas (usually
Ar or He) and the two are cooled by adiabatic expan-
sion, resulting in supersaturation and cluster formation.
The mean cluster size can be monitored by the differ-
ent source parameters (such as the inert gas pressure)
and can be measured by a time of flight mass spectrom-
eter. For further experimental details on this technique,
see [13, 74]. To produce clusters of refractory materials,
a different evaporation technique is needed: laser vapor-
ization [13, 74, 75]. A plasma created by the impact of a
laser beam focused on a rod is thermalized by injection
of a high pressure He pulse (typically 3-5 bars during
150 to 300 ws), which permits the cluster growth. The
mean cluster size is governed by several parameters such
as the helium flow, the laser power, and the delay time
between the laser shot and the helium pulse. As a conse-
quence of the pulsed laser shot, the cluster flux reaching
the surface is not continuous but chopped. Typical values
for the chopping parameters are: active portion of the
period >~ 100 us and chopping frequency f = 10 Hz.
The experimental systems described in this chapter
have been obtained from intense supersonic jets of nan-
oclusters with sizes ranging from a few tens to a few
thousands of atoms (diameter 1 to a few nm). Our group
has developed a cluster generator based on a combined
laser vaporization—gas condensation source [44]. Briefly,
a YAG laser (=532 nm, pulse duration a few ns, fre-
quency 30 Hz) or a Ti-Sapphire laser (=790 nm, pulse
duration a few us, frequency 30 Hz) is used to vaporize
the target rod mounted in the source chamber (Fig. 2).
Combined with the laser pulse, a high pressure gas pulse
(He, 3 to 6 bars, pulse duration 200 to 500 s) is injected
in the source chamber to rapidly cool the plasma gener-
ated at the target surface and to nucleate clusters which
are subsequently completely cooled and stabilized in the
supersonic expansion taking place at the exit nozzle of
the source. The main feature of this type of cluster source
compared to other ones currently used (thermal, sputter-
ing) is the very high cooling rate up to about 10" K/s
which governs the formation of original nanoscale sys-
tems in nonequilibrium conditions. From the key param-
eters of the source (laser pulses, gas pulses/continuous
gas flow, delay between both pulses, and geometries of
the nucleation chamber in the source and the nozzle),
it is possible to control the cluster size distributions
measured in the high resolution time of flight (TOF)
mass spectrometer mounted immediately after the skim-
mer (Fig. 2). For that purpose, neutral clusters are pho-
toionized using a tunable excimer-dye laser and then
deviated and accelerated at the entrance of the TOF
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Figure 2. Schematic view of the cluster generator based on a combined
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laser vaporization/inert gas condensation source, associated with a high

resolution time of flight mass spectrometer (reflectron) for the studies of free clusters and an ultrahigh vacuum (UHV) deposition chamber for
cluster assembled film preparations. The source can operate with one or two independent laser/target arrangements for the production of pure

clusters as well as mixed clusters. Some characterization techniques of

the films are available in situ in UHV: reflection high energy electron

diffractometry, scanning tunneling-atomic force near field microscopy, and Auger—X-ray photoelectron spectrometry. A UHV transfer system is
used for sample transfers to ex situ equipment. An electron-beam evaporator in situ in UHV is used for co-deposition experiments to produce films

of clusters embedded in various media.

line. At this stage, photoionization near threshold and
photofragmentation experiments are performed on free
clusters to characterize their structures and properties.
For mixed cluster production (bimetallic, Si-C), both
methods have been developed based on the use of a com-
pound target directly mounted in the source or a spe-
cial source with two independent targets simultaneously
vaporized by two independent lasers (Fig. 2). When using
the technique with a compound target, it has been ver-
ified for all bimetallic systems studied [i.e., Pt-Pd (29),
Au-Ni (30), Au-Ag (26), Co-Sm (22)] that the clusters
exhibit the same composition as the target rod. However,

depending on some specific effects such as segregation,
atoms can be inhomogeneously distributed in the cluster.

In the particular case of LECBD experiments, only
neutral clusters having the very low energy gained in the
supersonic expansion at the exit of the source (a few
1072 eV per atom) are deposited on various substrates
in the UHV deposition chamber mounted on line with
the cluster generator-TOF arrangement (Fig. 2). In our
experiments, the complete distributions of neutral clus-
ters (nearly Gaussian in shape and rather narrow from
our laser vaporization generator) are directly deposited
on the substrates to grow films, which allows one to
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reach relatively high deposition rates (0.1 nm/minute to
0.1 nm/second) for all kinds of clusters. Moreover, by
co-depositing on the same substrate an atomic beam
emitted by the e-beam evaporator mounted in the depo-
sition chamber (Fig. 2), it is possible to produce films
of clusters embedded in various matrices (metallic, trans-
parent oxides). Since both cluster and atomic beams are
independent, this last technique allows one to produce
any kind of cluster-matrix system, even with miscible ele-
ments, in a wide range of cluster concentration.

2.3.3. Other Approaches

Alternatively, one can deposit accelerated clusters onto
a buffer layer which acts as a “mattress” to dissipate the
kinetic energy. This layer is then evaporated, which leads
to clusters soft-landing onto the substrate [76, 77]. The
advantage of this method is that it is possible to select the
mass of the ionized clusters before deposition. However,
it is difficult with this technique to reach high enough
deposition rates to grow films in reasonable times. Vito-
mirov et al. [78] deposited atoms onto a rare-gas buffer
layer: the atoms first clustered on top and within the
layer which was afterwards evaporated, allowing the clus-
ters to reach the substrate. Finally, deposition of clus-
ters from a scanning tunneling microscope (STM) tip has
been shown to be possible, both theoretically [79] and
experimentally [80].

3. MODELS OF PARTICLE DEPOSITION

We describe in this section some models which allow one
to understand the first stages of film growth by low energy
cluster deposition (for a thorough review, see also [14]).
These models can also be useful for understanding the
growth of islands from atomic beams in the submono-
layer regime in simple cases, namely (almost) perfect sub-
strates, irreversible aggregation, etc., and they allow one
to understand and quantify many aspects of the growth:
for a review of analysis of atomic deposition with this
kind of model, see [29, 40, 81, 82]. The models described
below are similar to previous models of diffusing par-
ticles that aggregate, but such “cluster—cluster aggrega-
tion” models [83] do not incorporate the possibility of
continual injection of new particles via deposition, an
essential ingredient for thin film growth.

Given an experimental system (substrate and cluster
chemical nature), how can one predict the growth char-
acteristics for a given set of parameters (substrate tem-
perature, incoming flux of clusters, ... )?

A first idea—the “brute-force” approach—would be to
run an MD simulation with ab initio potentials for the
particular system one wants to study. It should be clear
that such an approach is bound to fail since the calcu-
lation time is far too large for present-day computers.
Even using empirical potentials (such as Lennard-Jones,
embedded atom, or tight-binding) will not do because

there is an intrinsically large time scale in the growth
problem: the mean time needed to fill a significant frac-
tion of the substrate with the incident particles. An esti-
mate of this time is fixed by f,;, the time needed to
fill a monolayer: ty; ~ 1/F where F is the particle flux
expressed in monolayers per second (ML/s). Typically,
the experimental values of the flux are lower than 1 ML/s,
leading to fy; > 1s. Therefore, there is a time span
of about 13 decades between the typical vibration time
(1071 s, the lower time scale for the simulations) and
e, rendering hopeless any “brute-force” approach.

There is a rigorous way [84] of circumventing this time
span problem: the idea is to “coarsen” the description
by defining elementary processes, an approach somewhat
reminiscent of the usual (length, energy) renormalization
of particle physics [8]. One “sums up” all the short time
processes (typically, atomic thermal vibrations) in effec-
tive parameters (transition rates) valid for a higher level
(longer time) description. We will now briefly describe
this rigorous approach and then proceed to show how it
can be adapted to cluster deposition.

3.1. Choosing the Elementary Processes

Voter [84] showed that the interatomic potential for any
system can be translated into a finite set of parame-
ters, which then provides the exact dynamic evolution of
the system. Recently, the same idea has been applied to
Lennard—Jones potentials [85] by using only two param-
eters. The point is that this coarse-grained, lattice-gas
approach needs orders of magnitude less computer power
than the MD dynamics described above. One can under-
stand the basic idea by the following simple example: for
the MD description of the diffusion of an atom by hop-
ping, one has to follow in detail its motion at the picosec-
ond scale, where the atom mainly oscillates in the bottom
of its potential well. Only rarely at this time scale will
the atom jump from site to site, which is what one is
interested on. Voter showed that, provided some condi-
tions are met concerning the separation of these two time
scales, and restricting the motion to a regular (discrete)
lattice (see [84] for more details), one could replace this
“useless” information by an effective parameter taking
into account all the detailed motion of the atom within
the well (including the correlations between the motions
of the atom and its neighbors) and allowing a rapid eval-
uation of its diffusion rate.

Unfortunately, this rigorous approach is not useful for
cluster deposition, because the number of atomic degrees
of freedom (configurations) is too high. Instead, one
chooses—from physical intuition—a “reasonable” set of
elementary processes, whose magnitudes are used as free
parameters. This allows one to understand the role of
each of these elementary processes during the growth
and then to fit their value from experiments (Fig. 3).
These are the models which we will study in this chapter,
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Figure 3. Principle of a kinetic Monte Carlo simulation (see text).

with precise examples of parameter fit (see Section 6).
Examples of such fits from experimental data for atomic
deposition include homoepitaxial growth of GaAs(001)
[86], Pt(100) [87], or several metal(100) surfaces [88]. Of
course, fitting is not very reliable when there are too
many (almost free) parameters. Interesting alternatives
are intermediate cases, where parameters are determined
from known potentials but with a simplified fitting pro-
cedure taking into account what is known experimentally
of the system under study: see [89] for a clear example
of such a possibility.

3.2. Predicting the Growth from the Selected
Elementary Processes

To be able to adjust the values of the elementary pro-
cesses from experiments, one must first predict the
growth from these processes. The oldest way is to write
“rate equations” which describe in a mean-field way the
effect of these processes on the number of isolated par-
ticles moving on the substrate (called monomers) and
islands of a given size. The first author to attempt such
an approach for growth was Zinsmeister [90] in 1966,
but the general approach is similar to the rate equa-
tions first used by Smoluchovsky for particle aggregation
[91]. In the 1970s, many papers dealing with better mean-
field approximations and applications of these equations
to interpret experimental systems were published. The
reader is referred to the classical reviews by Venables
and co-workers [92, 93] and Stoyanov and Kaschiev [94]
for more details on this approach. More recently, there
have been two interesting improvements. The first is by
Villain and co-workers which has simplified enormously
the mathematical treatment of the rate equations, allow-
ing one to understand easily the results obtained in a
variety of cases [95, 96]. Pimpinelli et al. have recently
published a summary of the application of this simpli-
fied treatment to many practical situations using a unified
approach [97]. The second improvement is due to Bales
and Chrzan [98] who have developed a more sophisti-
cated self-consistent rate-equations approach which gives
better results and allows one to justify many of the

approximations made in the past. However, these ana-
lytical approaches are mean field in nature and can-
not reproduce all the characteristics of the growth. Two
known examples are the island morphology and the island
size distribution [98].

The alternative approach to predict the growth are
kinetic Monte Carlo (KMC) simulations. KMC simula-
tions are an extension of the usual Monte Carlo [99—
101] algorithm and provide a rigorous way of calculating
the dynamical evolution of a complicated system where
a large but finite number of random processes occur
at given rates. KMC simulations are useful when one
chooses to deal with only the slowest degrees of freedom
of a system, these variables being only weakly coupled
to the fast ones, which act as a heat bath [101]. The
“coarsened” description of film growth (basically, diffu-
sion) given above is a good example [84, 98, 102-105],
but other applications [101] of KMC simulations include
interdiffusion in alloys, slow phase separations, etc. The
principle of KMC simulations is straightforward: one uses
a list of all the possible processes together with their
respective rates v, and generates the time evolution of
the system from these processes taking into account the
random character of the evolution. For the simple mod-
els of film growth described below, systems containing up
to 4000 x 4000 lattice sites can be simulated in a rea-
sonable time (a few hours), which limits the finite size
effects usually observed in this kind of simulation. Let us
now discuss in some detail the way KMC simulations are
implemented to reproduce the growth, once a set of pro-
cesses has been defined, with their respective v, taking
arbitrary values or being derived from known potentials.

There are two main points to discuss here: the phys-
ical correctness of the dynamics and the calculation
speed. Concerning the first point, it should be noted
that, originally [99], Monte Carlo simulations aimed at
the description of the equations of state of a system.
Then, “the MC method performs a ‘time’ averaging of
a model with (often artificial) stochastic kinetics [...]:
time plays the role of a label characterizing the sequen-
tial order of states, and need not be related to the phys-
ical times” [106]. One should be cautious therefore of
the precise Monte Carlo scheme used for the simula-
tion when attempting to describe the kinetics of a system,
as in KMC simulations. For example, there are doubts
[107, 108] about some simulation work [109, 110] carried
out using Kawasaki dynamics. This point is discussed in
great detail in [108].

Let me address now the important problem of the cal-
culation speed. One could naively think of choosing a
time interval A¢ smaller than all the relevant times in the
problem, and then repeat the following procedure:

(1) Choose one particle randomly.
(2) Choose randomly one of the possible processes for
this particle.


William J Taylor



10 Jensen et al.

(3) Calculate the probability p,,, of this process hap-
pening during the time interval Az (pp,, = v, Al).

(4) Throw a random number p, and compare it with
Ppro’ If ppro < p perform the process; if not go to
the next step.

(5) Increase the time by At and goto (1).

This procedure leads to the correct kinetic evolution of
the system but might be extremely slow if there is a large
range of probabilities p,,, for the different processes (and
therefore some p,,, < 1). The reason is that a significant
fraction of the loops leads to rejected moves, (i.e., to no
evolution at all of the system).

Instead, Bortz et al. [111] have proposed a clever
approach to eliminate all the rejected moves and thus
reduce dramatically the computational times. The point
is to choose not the particles but the processes, according
to their respective rate and the number of possible ways
of performing this process (called (). This procedure
can be represented schematically as follows:

(1) Update the list of the possible ways of performing
the processes ().

(2) Randomly select one of the process, weighting the
probability of selection by the process rate v,,, and
me: ppm = (VprOQpro)/(Zprocesses QPTOVPTO)‘

(3) Randomly select a particle for performing this pro-
cess.

(4) Move the particle.

(5) Increase the time by df = (3, qcesses LproVpro) !

(6) Goto (1).

A specific example of such a scheme for cluster deposi-
tion is given below (Section 3.3). Note that the new pro-
cedure implies a less intuitive increment of time and that
one has to create (and update) a list of all the Q,, con-
stantly, but the acceleration of the calculations is worth
the effort.

A serious limitation of KMC approaches is that one
has to assume a finite number of local environments (to
obtain a finite number of parameters): this confines KMC
approaches to regular lattices, thus preventing a rigor-
ous consideration of elastic relaxation, stress effects, etc.,
everything that affects not only the number of first or
second nearest neighbors but also their precise position.
Indeed, considering the precise position as in MD simu-
lations introduces a continuous variable and leads to an
infinite number of possible configurations or processes.
Stress effects can be introduced approximately in KMC
simulations, for example [112] by allowing a variation of
the bonding energy of an atom to an island as a function
of the island size (the stress depending on the size), but
it is unclear how meaningful these approaches are (see
also [113]). We should quote here a recent proposition
[114] inspired by the old Frenkel-Kontorova model [115]
which allows one to incorporate some misfit effects in
rapid simulations. It remains to explore whether such an
approach could be adapted to the KMC scheme.

Figure 4. Main elementary processes considered in this chapter for the
growth of films by cluster deposition. (a) Adsorption of a cluster by
deposition; (b) and (d) diffusion of the isolated clusters on the sub-
strate; (c) formation of an island of two monomers by juxtaposition of
two monomers (nucleation); (d) growth of a supported island by incor-
poration of a diffusing cluster; (e) evaporation of an adsorbed cluster.
We also briefly consider the influence of island diffusion (f).

3.3. Basic Elementary Processes for Cluster Growth

What is likely to occur when clusters are deposited on a
surface? We will present here the elementary processes
which will be used in cluster deposition models: deposi-
tion, diffusion, and evaporation of the clusters and their
interaction on the surface (Figs. 4 and 5). The influence
of surface defects which could act as traps for the parti-
cles is also addressed.

A simple physical rationale for choosing only a limited
set of parameters is the following (see Fig. 6). For any
given system, there will be a “hierarchy” of time scales,
and the relevant ones for a growth experiment are those
much lower than ¢#; >~ 1/F. The others are too slow to
act and can be neglected. The hierarchy of time scales
(and therefore the relevant processes) depends of course
on the precise system under study. It should be noted that
for cluster deposition the situation is somewhat simpler
than for atom deposition [116] since many elementary
processes are very slow. For example, diffusion of clus-
ters on top of an already formed island is very low [117],
cluster detachment from the islands is insignificant, and
edge diffusion is not an elementary process at all since
the cluster cannot move as an entity over the island edge
(as we will discuss in Section 7.2, the equivalent process
is cluster—cluster coalescence by atomic motion). Let us
now discuss in detail each of the elementary processes
useful for cluster deposition.

The first ingredient of the growth, deposition, is quan-
tified by the flux F (i.e., the number of clusters that
are deposited on the surface per unit area and unit
time). The flux is usually uniform in time, but in some

Figure 5. Possible interaction of two clusters touching on the surface:
(a) pure juxtaposition and (b) total coalescence. Intermediate cases
(partial coalescence) are possible and will be described later.
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Figure 6. Time scales of some elementary processes considered in this
chapter for the growth of films by cluster deposition. The relevant pro-
cesses are those whose time scales are smaller than the deposition time
scale shown by the arrow in the left. In this case, models including only
cluster diffusion on the substrate and cluster—cluster coalescence are
appropriate. “Island diffusion” refers to the motion of islands of clus-
ters as a whole, “cluster dissociation” to the evaporation of atoms from
the cluster, and “interdiffusion” to the exchange of atoms in the cluster
with substrate atoms.

experimental situations it can be pulsed, (i.e., changed
from a constant value to 0 over a given period). Chop-
ping the flux can affect the growth of the film significantly
[118], and we will take this into account when needed
(Section 6.2.2).

The second ingredient is the diffusion of the clusters
which have reached the substrate. We assume that the
diffusion is Brownian (i.e., the particle undergoes a ran-
dom walk on the substrate). To quantify the diffusion,
one can use both the usual diffusion coefficient D or the
diffusion time 7 (i.e. the time needed by a cluster to move
by one diameter). These two quantities are connected
by D = d*/(47) where d is the diameter of the cluster.
Experiments show that the diffusion coefficient of a clus-
ter can be surprisingly large, comparable to the atomic
diffusion coefficients. The diffusion is here supposed to
occur on a perfect substrate. Real surfaces always present
some defects such as steps, vacancies, or adsorbed chem-
ical impurities. The presence of these defects on the sur-
face could significantly alter the diffusion of the particles
and therefore the growth of the film. We will include here
one simple kind of defect, a perfect trap for the clusters
which definitively prevents them from moving.

A third process which could be present in growth is
reevaporation of the clusters from the substrate after a
time 7,. It is useful to define X = \/Dr,, the mean dif-
fusion length on the substrate before desorption.

The last simple process we will consider is the inter-
action between the clusters. The simplest case is when
aggregation is irreversible and particles simply remain
juxtaposed upon contact. This occurs at low tempera-
tures. At higher temperatures, cluster—cluster coalescence
will be active (Fig. 5). Thermodynamics teaches us that

coalescence should always happen but without specifying
the kinetics. Since many clusters are deposited on the sur-
face per unit time, kinetics is here crucial to determine
the shape of the islands formed on the substrate. A total
comprehension of the kinetics is still lacking, for reasons
that we will discuss later (Section 7.2). We note that the
shape of the clusters and the islands on the surface need
not be perfectly spherical, even in the case of total coa-
lescence. Their interaction with the substrate can lead to
half spheres or even flatter shapes depending on the con-
tact angle. Contrary to what happens for atomic deposi-
tion, a cluster touching an island forms a huge number
of atom-atom bonds and will not detach from it. Thus,
models including reversible particle—particle aggregation
[22] are not useful for cluster deposition.

The specific procedure to perform a rapid KMC sim-
ulation of a system (linear size L) when deposition, dif-
fusion, and evaporation of the monomers are included is
the following. The processes are: deposition of a particle
[Vaepo = F» Quepo = L7 (it is possible to deposit a parti-
cle on each site of the lattice)], diffusion of a monomer
(Vgir = 1/7, Qe = pL* where p is the monomer den-
sity on the surface), and evaporation of a monomer
(Vevap = 1/7,» Qeyap = pL?). For each loop, one calculates
two quantities py., = F/(F + p(1/7, +1/7)) and py; =
(p/7)/(F 4+ p(1/1,+ 1/7)). Then, one throws a random
number p(0 < p < 1) and compares it t0 py,, and pg;.
If p < parop» @ particle is deposited in a random posi-
tion; if p > pyrop + Pair» @ monomer (randomly selected)
is removed; otherwise we just move a randomly chosen
monomer. After each of these possibilities, one checks
whether an aggregation has taken place (which modifies
the number of monomers on the surface, and therefore
the number of possible diffusion or evaporation moves),
increases the time by dt = 1/(FL? + pL*(1/7, + 1/7)),
and goes to the next loop.

The usual game for theoreticians is to combine these
elementary processes and predict the growth of the film.
However, experimentalists are interested in the reverse
strategy: from (a set of) experimental results, they wish
to understand which elementary processes are actually
present in their growth experiments and the magnitudes
of each of them, what physicists call understanding a phe-
nomenon. The problem, of course, is that with so many
processes, many combinations will reproduce the same
experiments (see specific examples below). Then, some
clever guesses are needed to first identify which processes
are present. For example, if the saturation island density
does not change when flux (or substrate temperature) is
changed, one can guess that nucleation is mostly occur-
ring on defects of the surface.

In view of these difficulties, next section is devoted to
predict the growth when the microscopic processes (and
their values) are known. Later, in Section 5, we pro-
pose a detailed procedure to identify and quantify the
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microscopic process from the experiments. Finally, Sec-
tion 6 reviews the experimental results obtained for clus-
ter deposition.

4. PREDICTING GROWTH WITH
COMPUTER SIMULATIONS

The scope of this section is to find formulas or graphs
to deduce the values of the microscopic processes (dif-
fusion, evaporation, ...) from the observed experimen-
tal quantities (island density, island size histograms, ... ).
The “classical” studies [92-94] have focused on the evo-
lution of the concentration of islands on the surface
as a function of time, and especially on the saturation
island density (i.e., the maximum of the island density
observed before reaching a continuous film). The rea-
son is of course the double possibility of calculating it
from rate equations and measuring it experimentally by
conventional microscopy. We will show other interesting
quantities such as island size distributions which are mea-
surable experimentally and have been recently calculated
by computer simulations [119-124].

We will study the two limiting cases of pure juxtaposi-
tion and total coalescence (which are similar to two- and
three-dimensional growth in atomic deposition terminol-
ogy) separately. Experimentally, the distinction between
the two cases can be made by looking at the shape of the
supported islands: if they are circular (and larger than the
incident clusters) they have been formed by total coales-
cence; if they are ramified they have been formed by pure
juxtaposition (see several examples below, Section 6).

In both cases, we analyze how the growth proceeds
when different processes are at work: diffusion, evap-
oration, defects acting as traps, island mobility, etc. In
the simulations, we often take the diffusion time 7 to
be the unit time: in this case, the flux is equivalent to
the normalized flux ¢ (see Table 1) and the evaporation
time corresponds to 7,/7. The growth is characterized by
the kinetics of island formation, the value of the island
concentration at saturation N, (i.e., the maximum value
reached before island-island coalescence becomes impor-
tant), and the corresponding values of the thickness e,
and condensation coefficient Cg,, useful when evapora-
tion is important (the condensation coefficient is the ratio
of matter actually present on the substrate over the total
number of particles sent on the surface, also called the
thickness e = Ft; see Table 1).

We also give the island size distributions corresponding
to each growth hypothesis. These have proven useful as a
tool for experimentalists to distinguish between different
growth mechanisms [117, 123, 124]. By size of an island,
we mean the surface it occupies on the substrate. For
“two-dimensional” islands (i.e., formed by pure juxtaposi-
tion), this is the same as the island mass (i.e., its number
of monomers). For “three-dimensional” islands (formed

by total coalescence), their projected surface is the easi-
est quantity to measure by microscopy. It should be noted
that for three-dimensional (30) islands, their projected
surface for a given mass depends on their shape, which
is assumed here to be pyramidal (close to a half-sphere).
It has been shown [88, 103] that by normalizing the size
histograms, one obtains a “universal” size distribution
independent of the coverage, the flux, or the substrate
temperature for a large range of their values.

4.1. Pure Juxtaposition: Growth
of One Cluster Thick Islands

We first study the formation of the islands in the limiting
case of pure juxtaposition. This is done for several growth
hypotheses. The rate-equations treatment is given in [14].

4.1.1. Complete Condensation

Let me start with the simplest case where only diffu-
sion takes place on a perfect substrate (no evaporation).
Figure 7a shows the evolution of the monomer (i.e., iso-
lated clusters) and island densities as a function of depo-
sition time.

We see that the monomer density rapidly grows, lead-
ing to a rapid increase of island density by monomer—
monomer encounter on the surface. This goes on until
the islands occupy a small fraction of the surface, roughly
0.1% (Fig. 8a). Then, islands capture efficiently the
monomers, whose density decreases. As a consequence,
it becomes less probable to create more islands, and
their number increases more slowly. When the coverage
reaches a value close to 15% (Fig. 8b), coalescence will
start to decrease the number of islands. The maximum
number of islands at saturation N, is thus reached for
coverages around 15%. Concerning the dependence of
N, as a function of the model parameters, it has been
shown that the maximum number of islands per unit area
formed on the surface scales as N, ~ (F/D)"3 [92, 94].
Recent simulations [98, 117] and theoretical analysis [95]
have shown that the precise relation is N, = 0.53(F7)%%
for the ramified islands produced by pure juxtaposition
(Fig. 9).

It should be noted that if cluster diffusion is vanish-
ingly small, the above relation does not hold: instead, film
growth proceeds as in the percolation model [125], by
random paving of the substrate. An experimental exam-
ple of such a situation has been given in [126].

4.1.2. Evaporation

What happens when evaporation is also included?
Figure 7b shows that now the monomer density becomes
roughly a constant, since it is now mainly determined
by the balancing of deposition and evaporation. As
expected, the constant concentration equals Fr, (solid
line). Then the number of islands increases linearly with
time (the island creation rate is roughly proportional to
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Figure 7. Evolution of the monomer and island densities as a function
of the thickness (in monolayers), for islands formed by pure juxtapo-
sition: (a) complete condensation, F = 1078, 7, = 10"(7 = 1) (these
values mean Xy = 10° and £.. = 22) and (b) important evaporation,
F=10"%,1,=600(r = 1) (Xg =25 and £, = 22). £ represents the
mean island separation at saturation for the given fluxes when there is
no evaporation [119]. The length units correspond to the incident clus-
ter (monomer) diameter. In (b) the “condensation” curve represents
the total number of particles actually present on the surface divided by
the total number of particles sent on the surface (F/¢). It would be 1
for the complete condensation case, neglecting the monomers that are
deposited on top of the islands. The solid line represents the constant
value expected for the monomer concentration, while the dashed line
corresponds to the linear increase of the island density (see text).

the square monomer concentration [14]). One can also
notice that only a small fraction (1/100) of the monomers
effectively remains on the substrate, as shown by the low
condensation coefficient value at early times. This can
be understood by noting that the islands grow by captur-
ing only the monomers that are deposited within their
“capture zone” (comprised between two circles of radius
R and R + X§). The other monomers evaporate before
reaching the islands. When the islands occupy a signif-
icant fraction of the surface, they capture rapidly the
monomers. This has two effects: the monomer density
starts to decrease, and the condensation coefficient starts
to increase. Shortly after, the island density saturates and
starts to decrease because of island—island coalescence.

(@)
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Figure 8. Morphology of a submonolayer deposit in the case of growth
with complete condensation and pure juxtaposition: (a) § = 0.1%; (b)
6 = 15%. The values of the parameters are F = 108 ML/s, 7 =1, and
L = 300.

Figure 9 shows the evolution of the maximum island den-
sity in the presence of evaporation. A detailed analysis
of the effect of monomer evaporation on the growth is
given in [119], where the regime of “direct impingement”
which arises when X < 1 is also discussed: islands are
formed by direct impingement of incident clusters as first
neighbors of previously adsorbed clusters and grow by
direct impingement of clusters on the island boundary. A
summary of the results obtained in the various regimes

spanned as the evaporation time 7, decreases is given
in [14].
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Figure 9. Saturation island density as a function of the normalized flux
(7 = 1) for different growth hypotheses indicated on the figure, always
in the case of island growth by pure juxtaposition. “No evap” (circles)
means complete condensation. Triangles show the densities obtained if
there is evaporation, for 7, = 100. In the preceding cases, islands are
supposed to be immobile. This hypothesis is relaxed for the last set
of data, mobile islands (squares), where island mobility is supposed to
decrease as the inverse island size [104] (there is no evaporation). The
dashed line is an extrapolation of the data for the low normalized fluxes.
Fits of the different curves in the low-flux region give “no evap” (solid
line): N, = 0.53(F1)"3%, “evap” (dotted line): Ny, = 0.26F*" 77137,
(for the 7 and 7, exponents, see [119]), and “mobile islands” (dashed
line): N, = 0.33(F7)"%.

4.2. Total Coalescence: Growth of
Three-Dimensional Islands

If clusters coalesce when touching, the results are slightly
different from those given in the preceding section,
mainly because the islands occupy a smaller portion of
the substrate at a given thickness. Therefore, in the case
of complete condensation for example, saturation arises
at a higher thickness (Fig. 10) even if the coverage is
approximately the same (matter is “wasted” in the dimen-
sion perpendicular to the substrate). However, the main
qualitative characteristics of the growth correspond to
those detailed in the preceding section. Figure 11 shows
the evolution of the maximum island density in that
case, where the three-dimensional islands are assumed
to be roughly half-spheres (actually, pyramids were used
in these simulations which were originally intended for
atomic deposition [131]). The analytical results obtained
from a rate-equations treatment are given in [14]. If
the islands are more spherical (i.e., the contact angle is
higher), a simple way to adapt these results to the kinetic
evolution of island concentration (Fig. 10) is to multi-
ply the thickness by the appropriate form factor, 2 for a
sphere for example. Indeed, if islands are spherical, the
same coverage is obtained for a thickness double that
obtained for the case of half-spheres (there are two iden-
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Figure 10. Evolution of the island density as a function of the thick-
ness for different growth hypotheses. This figure shows that the same
saturation density can be obtained for films grown in very different
conditions. The different sets of data represent: triangles—growth with
coalescence and evaporation, 7, = 1007 and Fr = 1.2 x 107%; circles—
growth with coalescence but without evaporation (F7 = 3 x 1071%); solid
line—growth with pure juxtaposition without evaporation (Fr = 2.5 x
107%); squares—growth with coalescence on defects (defect concentra-
tion : 5 x 10~* per site) and Fr = 10~!* (no evaporation); dashed line—
growth with pure juxtaposition without evaporation but with mobile
islands, Fr = 1078,

tical half-spheres). This is a slight approximation since
one has to assume that the capture cross section (which
governs the growth) is identical for the two shapes: this is
not exactly true [119] but is a very good approximation.
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Figure 11. Saturation island density as a function of the normalized flux
(7 = 1) for different growth hypotheses in the case of growth by total
coalescence (3D islands). We show the densities obtained for the com-
plete condensation case (filled circles) and for two different evapora-
tion times: 7, = 100 (triangles) and 7, = 20 (squares). The label defects
means growth in presence of defects which act as nucleation centers.
Their concentration is 107 per site. The dashed line is an extrapolation
of the defect data for the low normalized fluxes. Fitting the simula-
tion data leads to the following numerical relations: N, = 0.27(F7)%2¢
when there is no evaporation (solid line); Ny, ~ 0.039F*3 723743
when evaporation is significant (from an approximation for the two
dotted curves). The exponents for 7 and 7, have been derived from a
rate-equations treatment (see [14]).
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5. HOW TO ANALYZE EXPERIMENTAL DATA

Figures 9 and 11 constitute in some sense “abacuses”
from which one can determine the value of the micro-
scopic parameters (diffusion, evaporation) if the satura-
tion island density is known. The problem is: does the
measured island density correspond to the defect concen-
tration of the surface or to homogeneous nucleation? If
the latter is true, which curve should be used to interpret
the data? In other words, is evaporation present in the
experiments and what is the magnitude of 7,7 We will
now give some tricks to first find out which processes are
relevant and then how they can be quantified.

Let us concentrate first on the presence of defects. One
possibility is to look at the evolution of N, with the flux.
As already explained, if this leaves unaffected the satura-
tion density, nucleation is occurring on defects. A similar
test can be performed by changing the substrate tempera-
ture, but there is the nagging possibility that this changes
the defect concentration on the surface. It is also possi-
ble to study the kinetics of island nucleation, (i.e., look
at the island concentration as a function of thickness or
coverage). The presence of defects can be detected by the
fact that the maximum island density is reached at very
low coverages (typically less than 1%; see Fig. 10) and/or
by the fact that the nucleation rate (i.e., the derivative
of the island density) scales as the flux and not as the
square flux: see Section 3 of [94] for more details. One
should be careful, however, to check that all the islands,
even those containing a few particles, are visible in the
microscope images. This is a delicate point for atomic
deposition [135] but should be less restrictive for clusters
since each cluster has already a diameter typically larger
than a nanometer. Of course all this discussion assumes
that the defects are of the “ideal” kind studied here (i.e.,
perfect traps). If atoms can escape from the defects after
some time, the situation is changed but we are unaware
of studies on this question.

The question of evaporation is more delicate. First, one
should check whether particle reevaporation is important.
In principle, this can be done by measuring the condensa-
tion coefficient (i.e., the amount of matter present on the
surface as a function of the amount of matter brought by
the beam). If possible, this measure leaves no ambiguity.
Otherwise, the kinetics of island creation is helpful. If the
saturation is reached at low thicknesses (e, < 0.5ML),
this means that evaporation is not important. Another
way of detecting particle evaporation is by studying the
evolution of the saturation island density with the flux: in
the case of 2D growth (Fig. 9), the exponent is 0.36 when
evaporation is negligible but roughly 0.66 when evapo-
ration significantly affects the growth [119]. There are
similar differences for 3D islands: the exponent changes
from 0.29 to 0.66 [136] (Fig. 11). Suppose now that one
finds that evaporation is indeed important: before being
able to use Figure 9 or 11, one has to know the precise

value of 7,. One way to find out is to make a precise fit
of the kinetic evolution of the island density or the con-
densation coefficient (see Section 6.2.1 for an example).
In next paragraph, we show how to find 7, if one knows
only the saturation values of the island density and the
thickness.

As a summary, here is a possible experimental strategy
to analyze the growth. First, get a series of micrographs
of submonolayer films as a function of the thickness. The
distinction between the pure juxtaposition and total coa-
lescence cases can be easily made by comparing the size
of the supported islands to the (supposedly known) size
of the incident clusters. Also, if the islands are spheri-
cal, this means that coalescence has taken place, if they
are ramified that clusters only juxtapose upon contact. Of
course, all the intermediate cases are possible (see the
case of gold clusters below). One can calculate the ratio
of deposited thickness over the coverage: if this ratio is
close to 1, islands are flat (i.e., one cluster thick); other-
wise they are three dimensional (unless there is evapora-
tion).

From these micrographs, it is possible to measure the
island density as a function of the thickness. Figure 10
should be now helpful to distinguish between the differ-
ent growth mechanisms. For example, if the saturation
island density is obtained for large thicknesses (typically
more than 1 ML), then evaporation is certainly rele-
vant and trying to measure the condensation coefficient is
important to confirm this point. It is clear from Figures 9
and 11 that the knowledge of N, alone cannot deter-
mine 7, since many values of 7 and 7, can lead to the
same N,. In the 2D case, the values of the microscopic
parameters can be obtained by noting that the higher
the evaporation rate, the higher the amount of matter
“wasted” for film growth (i.e., reevaporated). One there-
fore expects that the smaller 7,, the higher e, which is
confirmed by Figure 12a. Therefore, from the (known)
value of e, one can determine the value of the evapo-
ration parameter n = Fr X$§ (Fig. 12a). Once 7 is known,
X, is determined from Figure 12b since N, is known.
Fr can afterward be determined (from X and 7). This
is only valid for X > 1 [119], a condition always fulfilled
in experiments.

The 3D case is more difficult since the same strat-
egy (measuring N, and eg,) fails. The reason is that in
the limit of high evaporation, e, goes as e, ~ N_.'>,
thus bringing no independent information on the param-
eters [136]. The same is true for the condensation coef-
ficient at saturation C,,, which is a constant (i.e., inde-
pendent of the value of 7, or the normalized flux; see
Fig. 13b). This counterintuitive result (one would think
that the higher the evaporation rate, the smaller the con-
densation coefficient at saturation) can be understood
by noting that in this limit, islands only grow by direct
impingement of particles within them [136] and therefore
X, (or 7,) has no effect on the growth. Fortunately, in
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Figure 12. Values of (a) the thickness e, and (b) island density N, at

sat
the saturation of island density as a function of the evaporation param-
eter n = FrX§ for growth with pure juxtaposition [119]. The solid lines
represent theoretical predictions [119].

many experimental situations, the limit of high evapora-
tion is not reached and one “benefits” from (mathemati-
cal) crossover regimes where these quantities do depend
on the precise values of 7,. Figure 13 gives the evolutions
of C,, and e, as a function of N, for different values of
7, and F. Then, knowing e, and N, leads to an estima-
tion of 7, from Figure 13a which can be confirmed with
Figure 13b provided C, is known.

To conclude, let me note that a saturation thickness
much smaller than 1 ML can also be attributed to island
mobility. This is a subtle process and it is difficult to
obtain any information on its importance. We note that
interpreting data as not affected by island diffusion when
it is actually present leads to errors on diffusion coef-
ficients of one order of magnitude or more depending
on the value of Fr (see Fig. 9). Finally, one should be
careful in interpreting the N, vs. thickness curves since
most observations are not made in real time (as in the
computer simulations) and there can be postdeposition
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Figure 13. Values of the thickness ey, (a) and the condensation coeffi-
cient Cg, (b) at the saturation of island density in the total coalescence
limit (3D growth for atomic deposition). In the limit of low island den-
sities (i.e., high evaporation rates), C,, is a constant (see [136]; this
regime is indicated by the solid line). However, there are crossover
regimes which depend on the precise 7, and which are shown here.
Then, from a measure of C,, and N, one can get an estimate for 7, for
the not too low island densities which correspond to many experimental
cases. In the same spirit, (a) shows the evolution of e, as a function of
N, in the crossover regime. The numbers correspond to the different
7,/ used for the simulations and CC refers to the case of complete
condensation (no evaporation). The dotted line in the upper left shows
the limiting regime e, ~ Ng,'>.

sat

evolutions (see for example [137] for such complications
in the case of atomic deposition).

6. EXPERIMENTAL RESULTS

We review in this section the experimental results
obtained these last years for low energy cluster deposi-
tion, mainly in the submonolayer regime. The scope is
double: first, we want to give some examples on how
to analyze experiments (as indicated in Section 5) and,
second, we will show that from a comparison of exper-
iments and models one can deduce important physical
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quantities characterizing the interaction of a cluster with
a surface (cluster diffusivity) and with another cluster
(coalescence). The following can be read with profit by
those interested only in atomic deposition as examples of
interpretation since these elementary processes are rel-
evant for some cases of atomic deposition. One should
be careful that some mechanisms which are specific to
atomic deposition (transient mobility, funnelling, . ..) are
not discussed here (see [138]). Also, growth without clus-
ter diffusion has to be interpreted in the framework of
the percolation model as indicated above [126].

Before analyzing experimental data, it is important to
know how to make the connection between the units
used in the programs and the experimental ones (see also
Table 1). In the program, the unit length is the diameter
of a cluster. In the experiments, it is therefore convenient
to use as a surface unit the site, which is the projected
surface of a cluster 7d?/4 where d is the mean incident
cluster diameter. The flux is then expressed as the num-
ber of clusters reaching the surface per second per site
(which is the same as ML/s) and the island density is
given per site. The thickness is usually computed in clus-
ter monolayers, obtained by multiplying the flux by the
deposition time. The coverage—the ratio of the area cov-
ered by the supported islands over the total area—has to
be measured on the micrographs.

6.1. A Simple Case: Sb,;,, Clusters on Highly
Oriented Pyrolitic Graphite

We start with the case of antimony clusters containing
2300 (£600) atoms deposited on highly oriented pyrolitic
graphite (HOPG) since here the growth has been thor-
oughly investigated [117]. We first briefly present the
experimental procedure and then the results and their
interpretation in terms of elementary processes.

6.1.1. Experimental Procedure

As suggested in the preceding section, various sam-
ples are prepared for several film thicknesses, incident
fluxes, and substrate temperatures. For films grown on
HOPG, before deposition at room temperature, freshly
cleaved graphite samples are annealed at 500 °C for
5 hours in the deposition chamber (where the pres-
sure is ~ 1077 Torr) in order to clean the surface.
The main advantage of HOPG conveniently annealed
is that its surface consists mainly of defect-free large
terraces (=~ 1um) between steps. It is also relatively
easy to observe these surfaces by electron or tunneling
microscopy [117]. Therefore, deposition on HOPG is a
good choice to illustrate the interplay between the dif-
ferent elementary processes which combine to lead to
the growth. After transfer in air, the films are observed
by transmission electron microscopy (TEM) (with JEOL
200CX or TOP CON electron microscopes operating at
100 kV in order to improve the contrast of the micro-

graphs).

6.1.2. Results

Figure 14a shows a general view of the morphology of the
antimony submonolayer film for e = 0.14 ML and 7, =
353K. A detailed analysis [117] of this kind of micro-
graph shows that the ramified islands are formed by the
juxtaposition of particles which have the same size dis-
tribution as the free clusters of the beam. From this, we
can infer two important results. First, in the low energy
deposition regime, clusters do not fragment upon landing
on the substrate as indicated in the Introduction. Sec-
ond, antimony clusters remain juxtaposed upon contact
and do not coalesce to form larger particles (option (a)
of Fig. 5).

From a qualitative point of view, Figure 14a also shows
that the clusters are able to move on the surface. Indeed,
since the free clusters are deposited at random positions
on the substrate, it is clear that, in order to explain the
aggregation of the clusters in those ramified islands, one
has to admit that the clusters move on the surface. How
can this motion be quantified? Can we admit that diffu-
sion and pure juxtaposition are the only important phys-
ical phenomena at work here?

Figure 15a shows the evolution of the island density
as a function of the deposited thickness. We see that
the saturation island density N, is reached for e ~
0.15ML. This indicates that evaporation or island diffu-
sion is not important in this case. Therefore, we guess
that the growth should be described by a simple combina-
tion of deposition, diffusion of the incident clusters, and
juxtaposition. This has been confirmed in several ways.
We only give three different confirmations, directing the
reader to [117] for further details. First, a comparison of
the experimental morphology and that predicted by mod-
els including only deposition, diffusion, and pure juxtapo-
sition shows a very good agreement (Fig. 14b). Second,
Figure 15b shows that the saturation island density accu-
rately follows the prediction of the model when the flux

Figure 14. Typical island morphologies obtained experimentally by
TEM (a) and from the computer simulations (b) at the same cover-
age. (a) Sb,y deposition on graphite HOPG at 7, = 353K and f =
61073 nms~!, corresponding to F = 1.710~* ML/s. The deposited thick-
ness is 0.5 nm or e = 0.14 ML. (b) Model including only deposition,
diffusion, and pure juxtaposition of the incident clusters, F7 =9 x 10711
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Figure 15. (a) Evolution of the island density as a function of the
deposited thickness. The solid line is a fit to the experimental data
with Fr = 1.75 x 107%. (b) Evolution of the maximum island density
(Ng,) as a function of the incident flux F at room temperature. The
solid line is a fit to the experimental data: we find N, = af*¥*%%_ (c)
Dependence of the diffusion coefficient on the temperature. From a fit
on the experimental data (solid line), one finds D = D, exp(—E,/kT),
with E, = 0.7 £0.1 eV and D, = 10* cm?s~'. The island densities are
expressed per site, a site occupying the projected surface of a cluster,
equivalent to 2.08 x 1071 c¢m?.

is varied. We recall that if the islands were nucleated on
defects of the surface, the density would not be signifi-
cantly affected by the flux.

Having carefully checked that the experiments are well
described by the simple DDA model, we can confidently
use Figure 9 to quantify the diffusion of the clusters. As
detailed in [117], one first measures the saturation island
density for different substrate temperatures. The normal-
ized fluxes (F7) are obtained from Figure 9. Knowing the
experimental fluxes, one can derive the diffusion times
and coefficients. The result is a surprisingly high mobil-
ity of Sb,y,, on graphite, with diffusion coefficients of
the same order of magnitude as the atomic ones, that is,
108 em?s~! (Fig. 15¢).

The magnitude of the diffusion coefficient is so high
that we wondered whether there was any problem in the
interpretation of the data, in spite of the very good agree-
ment between experiments and growth models described
above. For example, one could think of a linear diffusion
of the incoming clusters, induced by the incident kinetic
energy of the cluster in the beam (the cluster could
“slide” on the graphite surface). This seems unrealistic
for two reasons: first, in order to explain the low island
density obtained in the experiments (see above), it should
be assumed that the cluster, which has a low kinetic
energy (less than 10 eV), can travel at least several thou-
sand nanometers before being stopped by friction with
the substrate. This would imply that the diffusion is just
barely influenced by the substrate, which only slows down
the cluster. In this case, it is difficult to explain the large
changes observed in the island density when the substrate
temperature varies. Second, we have deposited antimony
clusters on a graphite substrate tilted 30° from its usual
position (i.e., perpendicular to the beam axis). Then, a
linear diffusion of the antimony clusters arising from their
incident kinetic energy would lead to anisotropic islands
(they would grow differently in the direction of tilt and its
perpendicular). Experiments [117] show that there is no
difference between usual and tilted deposits. Therefore
we can confidently believe that Sb,, clusters perform a
very rapid Brownian motion on graphite surfaces. A simi-
lar study has been carried out for Sb,s, on graphite, show-
ing the same order of magnitude for the mobility of the
clusters [117]. The microscopic mechanisms that could
explain such a motion will be presented in Section 7.

6.2. Other Experiments

In this section, we try to analyze data obtained in pre-
vious studies [64, 139]. We provide possible (i.e., not in
contradiction with any of the data) explanations, with the
respective values of the microscopic processes. We stress
that the scope here is not to make precise fits of the data
but rather to identify the microscopic processes at work
and obtain good guesses about their respective values.
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6.2.1. Shy; on a-C

Small antimony clusters are able to move on amorphous
carbon, as demonstrated by Figure 16 and by the fact
that the films are dramatically affected by changing the
incident flux [139].

Figure 16a shows that these small clusters gather in
large islands and coalesce upon contact. The island den-
sity is shown in Figure 16b. The maximum is reached for
a very high thickness (e >~ 1.8 ML), which can only be
explained by supposing that there is significant reevapo-
ration of Sbs, clusters from the surface. Evaporation of
small antimony clusters (Sb,, with n < 100) from a-C sub-
strates has also been suggested by other authors [20]. A
fit using 7, = 20 deduced from Figure 13a gives F7 =
1075 for F = 6 x 1073 clusters site”' s~!, leading to 7 ~
2x1073s,D =2 x 1072 cm?/s, 7, = 0.04s, and X5 ~ 6
nm before evaporation, and a condensation coefficient of
0.2 when the maximum island density is reached. How-
ever, some authors have argued [19] that the condensa-
tion coefficient is not so low. It is interesting to try a
different fit of the data—in better agreement with this
indication—to give an idea of the uncertainties of the fits.
For this, we assume that the deposited islands are spher-
ical (solid line of Fig. 16b) by the procedure described
in Section 4. Here we have taken F7 =3 x 107 for f =
6 x 1073 clusters/site ™' 57!, leading to 7 ~ 5 x 10~* s, 7, =
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Figure 16. Morphology of a Sby film at e = 1.8 ML. (b) Evolution
of the island density (per site) as a function of thickness (ML). The
dashed line represents a fit of the data with Fr = 10~ assuming a
pyramidal (half-sphere) shape for the supported islands, while the solid
line assumes that islands are spherical and Fr =3 x 107°.

0.04 s corresponding to D = 8 x 10~ 2cm?/s, and X ~ 11
nm before evaporation, and a condensation coefficient of
0.5 when the maximum island density is reached. Note
that the condensation coefficient is, as expected, higher
than in the previous fit and that the agreement with the
experimental island densities for the lowest thicknesses is
better. Comparing the two fits, it can be seen that the dif-
ference in the diffusion coefficient is a factor of 4, and a
factor 2 in the X . This means that the orders of magni-
tude of the values for the microscopic mechanisms can be
trusted despite the lack of comprehensive experimental
investigation.

Similar studies [204] have allowed one to obtain the
diffusion and evaporation characteristic times for other
clusters deposited on amorphous carbon. For Biy,, one
finds D ~ 3 x 10~ %cm? s7! and Xy ~ 8 nm and for In,,
D ~ 4 x 107" ¢cm? s~! and strong coalescence (the inci-
dent clusters are liquid).

6.2.2. Au,s, on Graphite

Figure 17 shows the morphology of a gold submono-
layer film obtained by deposition of Au,s, (£100) clusters

{ 500 nm
3 -
Figure 17. Morphologies of a Au,s, films at e = 0.12 ML and increasing
temperatures as indicated in the micrographs. There are less and less
islands as the substrate temperature is raised and the islands become
more and more compact.
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prepared by a laser vaporization source on graphite in an
UHYV chamber for different substrate temperatures.

The structures are strikingly similar to those obtained
in the Sb,;,, case: large, ramified islands. We can con-
clude that Au,s, clusters do move on graphite and that
they do not completely coalesce. A more careful exami-
nation of the island morphology indicates that the size of
the branches is not the same as the size of the incident
clusters, as was the case for Sb,;,. Here the branches
are larger, meaning that there is a partial coalescence,
limited by the kinetics of the growth. This is a very inter-
esting experimental test for coalescence models that are
presented later. We first try to estimate the diffusion coef-
ficient of the gold clusters. We have to be careful here
because the incident flux is chopped with the laser fre-
quency, roughly 10 Hz. The active portion of the period
(i.e., when the flux is “on”) is >~ 100 us.

A general analysis of the growth in presence of a
chopped flux has been reported elsewhere [118, 140].
Adapting this analysis to the case of gold clusters, and
with the help of MD simulations using realistic poten-
tials, it has been shown [141] that the experimental island
densities imply that islands containing as much as 100
clusters are able to diffuse on graphite. The diffusion
coefficient for an isolated cluster is estimated to be about
107> ¢cm? s7! at 500 K. The fact that such large islands
(containing up to 25000 atoms) are able to diffuse is
not as unreasonable as it may appear at first sight since
the incident clusters do significantly coalesce, up to those
sizes, and we expect spherical islands to move [165].

Very recently, we have shown [142] that substrates pre-
senting ordered defects can be used to grow ordered
arrays of nanostructures (Fig. 18).

6.2.3. Au,sy on NaCl

Given the surprisingly high mobility of Au,s, (£100) on
HOPG, it was worth testing gold cluster mobility on other
substrates. We present here recent results obtained by
depositing Au,s, clusters on NaCl [143]. The high island
density (Fig. 19a) shows that gold clusters are not very
mobile on this substrate, with an upper limit on the dif-
fusion coefficient of D ~ 10~ ¢m?/s. This is in agree-
ment with the low mobilities observed by other authors
[144] in the 1970s. The diffraction pattern (Fig. 19b) is
similar to that obtained in Figure 15c¢ and d of [144].
The authors interpreted their results with the presence
of multitwinned Au particles with two epitaxial orienta-
tions: Au(111)/NaCl(100) and Au(100)/NaCl(100). This is
reasonable taking into account the interatomic distances
for these orientations: da, oy11y) = 0.289 nm, dy,ci100) =
0.282 nm, and dayauoy = 0-408 nm, 1/2dy,ci100) =
0.398 nm (along the face diagonal). These preliminary
results suggest that epitaxy may prevent clusters from
moving rapidly on a surface, a result which has also been
observed by other groups (see the next section). They also
show that, at least in this case, forming the clusters on the

Figure 18. AFM image of an ordered array of defects—separated by
100 nm—on HOPG (a) and of the obtained array of gold nanostruc-
tures by cluster deposition (b). The defects are obtained by the focused
ion beam technique at the LPN Laboratory (Bagneux, France) using 30
keV Gat ions. The bottom image has been obtained by depositing gold
clusters containing 750 atoms (diameter 2.8 nm) at 300 K on a HOPG
substrate previously prepared with defects separated by 300 nm.

surface by atomic aggregation or depositing preformed
clusters does not change the orientation nor the diffu-
sion of the clusters on the surface. Work is in progress
to determine the precise atomic structure of the clusters,
their orientation on the substrate, and their diffusion at
higher temperatures [143].

7. TOWARD A PICTURE OF CLUSTER DIFFUSION
AND COALESCENCE AT THE ATOMIC SCALE

In the preceding sections we have tried to analyze the
growth with the help of two main ingredients: diffusion
of the clusters on the surface and their interaction. We
have taken the diffusion as just one number quantifying
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(b)

Figure 19. Morphology (a) and diffraction pattern (b) of a Au,, sub-
monolayer deposit on NaCl at e = 0.12 ML. The supported islands
are small (mean diameter ~ 5nm) and in epitaxy with the substrate as
shown by the diffraction pattern.

the cluster motion, without worrying about the micro-
scopic mechanisms which could explain it. For atomic
diffusion, these mechanisms have been extensively stud-
ied [29, 138, 145] and are relatively well known. In the
(simplest) case of compact (111) flat surfaces, diffusion
occurs by site to site jumps over bridge sites (the tran-
sition state). Therefore, diffusion is an activated process
and plotting the diffusion constant vs. the temperature
yields the height of the barrier, which gives information
about the microscopics of diffusion. This kind of simple
interpretation is not valid for cluster diffusion. It is always
possible to infer an “activation” energy from an Arrhe-
nius plot (see Fig. 15c) but the meaning of this energy is
not clear since the precise microscopic diffusion mecha-
nism is unknown.

Similarly, cluster—cluster coalescence (Fig. 5) has been
supposed to be total or null (i.e., pure juxtaposition)
but without considering the kinetics nor the intermediate
cases which can arise (see the experimental results for
gold on graphite for example).

In this section, we describe some preliminary results
which can shed some light on the microscopic mecha-
nisms leading to cluster diffusion or coalescence.

7.1. Diffusion of the Clusters

Before turning to the possible microscopic mechanisms,
one must investigate whether cluster diffusion is indeed
such a general phenomenon. Let us review now the
available experimental data concerning the diffusion of
3D clusters. We already presented in the previous sec-
tion several examples of high cluster mobilities over sur-
faces. In the case of Sb,y,, on graphite, mobilities as
high as D = 10~® cm? s7! are obtained at room temper-
ature, and similar values can be inferred for Ag cluster
deposition [63, 64]. On a-C substrates, diffusion is not
that rapid but has to be taken into account to under-
stand the growth. More than 20 years ago, a group at
Marseille University [133, 144, 146, 147] carefully stud-
ied the mobility of nanometer-size gold crystallites on
ionic substrates (MgO, KCI, NaCl). By three different
methods, they proved that these 3D clusters—grown
by atomic deposition at room temperature—are signif-
icantly mobile at moderately high temperatures (7 ~
350K). The three different methods were direct observa-
tion under the electron microscope beam [146], compar-
ison of abrupt concentration profiles [144], or the radial
distribution functions [133] before and after annealing.
All these results are carefully reviewed in [147], which
shows that gold clusters move as an entity on KCI(100)
at 350 K, since the conservation of the size distribution
rules out atomic exchange between islands [the evapo-
ration—condensation (EC) mechanism presented below
(Section 7.1.1)]. From the shape of the radial distribution
function some features of the cluster—cluster interaction
could be derived, mainly that it is a repulsive interac-
tion. The detailed interaction mechanisms are not clear
[133, 147]. A different study [144] showed that the clus-
ters were mobile only for a limited amount of time (sev-
eral minutes) and then stopped. It turns out that clus-
ters stop as soon as they reach epitaxial orientation on
the substrate. Indeed, the gold(111) planes can orient on
the KCI(100) surface, reaching a stable, minimum energy
configuration (for more details on the epitaxial orienta-
tions of gold clusters on NaCl, see [148, 149]). There-
fore, 3D cluster diffusion might be quite a common phe-
nomenon, at least when there is no epitaxy between the
clusters and the substrate.

What are the possible microscopic mechanisms?
Unfortunately for the field of cluster deposition, recent
theoretical and experimental work has focused mainly on
one atom thick, two-dimensional islands, whose diffusion
mechanisms might be different from those of 3D islands.
The focus on 2D islands is due to the technological
impetus provided by applications of atomic deposition—
notably MBE for which one wants to achieve flat layers.
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Let us briefly review the current state of the understand-
ing of 2D island diffusion to see what inspiration we can
draw for 3D cluster diffusion.

7.1.1. 2D Island Diffusion Mechanisms

There are two main types of mechanisms proposed to
account for 2D island diffusion: single adatom motion
and collective (simultaneous) atom motion. It should be
noted that small islands (less than ~ 15 atoms) are likely
to move by specific mechanisms, depending on the details
of the island geometry and atomic energy barriers [150—
152]. Therefore we concentrate here on larger 2D islands.

Individual Mechanisms The most common mechanism
invoked to account for 2D island diffusion has been that
of individual atomic motion. By individual we mean that
the movement of the whole island can be decomposed
in the motion of uncorrelated single atom moves. There
are two main examples of such a diffusion: evaporation—
condensation and periphery diffusion (PD). Theoretical
investigations on these individual mechanisms have gen-
erated much interest since it was conjectured that this
diffusion constant D, 4 is proportional to the island num-
ber of atoms (island mass) to some power which depends
on the precise mechanism (EC or PD) causing island dif-
fusion but not on temperature or the chemical nature
of the system. If true, this conjecture would prove very
useful, for it would allow one to determine experimen-
tally the mechanism causing island migration by measur-
ing the exponent and some details of the atom diffusion
energetics by measuring how D, ; depends on tempera-
ture. Unfortunately, recent studies have shown that this
prediction is too simplistic, as we show now for the two
different mechanisms.

Periphery Diffusion Figure 20 shows the elementary
mechanism leading to island diffusion via atomic motion
on the edge of the island (labeled PD). Assuming [107]:

* Each atomic jump displaces the center of mass of
the island by a distance of order 1/N (where N is
the number of atoms of the island).

* Each edge atom (density #,) jumps with a rate k ~
exp(—E,;/kzT) where E,; is the activation energy
for jumping from site to site along the border and
kg is Boltzmann constant.

One obtains [107]

Dind ~ knsl/N2 ~ exp(_Eed/kBT)N_3/2 (1)

if one postulates that n,, the mean concentration of edge
atoms, is proportional to the perimeter of the island (i.e.,
to N'/2). This equation allows one in principle to deter-
mine the edge activation energy by measuring the tem-
perature dependence of Dj.

However, recent experiments [154] and kinetic Monte
Carlo simulations [84, 107, 153, 155] have suggested that

',
“. -~
Condensation /

O Evaporation

Figure 20. Individual atomic mechanisms leading to island diffusion.
PD refers to diffusion of atoms on the periphery of the island, while
the exchange of atoms between the island and the atomic 2D gas is
shown by the condensation and evaporation labels. The dashed circles
represent the old positions of the atoms, while the continuous circles
represent the new positions, after the elementary process.

Eq. (1) is wrong. First, the size exponent is not univer-
sal but depends on the precise energy barriers for atomic
motion (and therefore on the chemical nature of the
material) and, second, the measured activation energy
does not correspond to the atomic edge diffusion energy.
The point is that the limiting mechanism for island diffu-
sion is corner breaking, for islands would not move over
long distances simply by edge diffusion of the outer atoms
[107]. Further studies are needed to fully understand and
quantify the PD mechanism.

Evaporation—Condensation An alternative route to dif-
fusion is by exchange of atoms between the island and
a 2D atomic gas. This is the usual mechanism leading
to Ostwald ripening [156]. Atoms can randomly evapo-
rate from the island and atoms belonging to the 2D gas
can condensate on it (Fig. 20). This leads to fluctuations
in the position of the island center of mass which are
difficult to quantify because of the possible correlations
in the atomic evaporation and condensation. Indeed, an
atom which has just evaporated from an island is likely to
condensate on it again, which cannot be accounted by a
mean-field theory of island gas exchange of atoms [157].
The latter leads to a diffusion coefficient scaling as the
inverse radius of the island [158], while correlations cause
a slowing down of diffusion, which scales as the inverse
square radius of the island [110, 155, 157].
Experimentally, Wen et al. [158] have observed by
scanning tunneling microscopy (STM) the movement of
Ag 2D islands on Ag(100) surfaces. They measured a dif-
fusivity almost independent of the island size, which rules
out the PD mechanism and roughly agrees with their
[158] calculation of the size dependence of the EC mech-
anism. Since this calculation has been shown to be only
approximate, further theoretical and experimental work
is needed to clarify the role of EC in 2D island diffusion.
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However, the work by Wen et al. [158] has convincingly
shown that these islands move significantly and that, for
silver, island diffusion is the main route to the evolution
of the island size distribution, contrary to what was usu-
ally assumed (Ostwald ripening exclusively due to atom
exchange between islands, via atom diffusion on the sub-
strate).

Collective Diffusion Mechanisms These individual mech-
anisms lead in general to relatively slow diffusion of the
islands (of order 10~'7c¢cm?/s at room temperature [158]).
For small clusters, different (and faster) mechanisms such
as dimer shearing, involving the simultaneous displace-
ment of a dimer, have been proposed [159]. More gen-
erally, Hamilton et al. [160] have proposed a different
mechanism, also involving collective motions of the atoms,
which leads to fast island motion. By collective we mean
that island motion is due to a simultaneous (correlated)
motion of (at least) several atoms of the island.

Specifically, Hamilton et al. [160] proposed that dis-
location motion could cause rapid diffusion of relatively
small (5 to 50 atoms) homoepitaxial islands on face-
centered-cubic (fcc)(111) surfaces. The basic idea is that
a row of atoms moves simultaneously from fcc to hexag-
onal close-packed (hcp) sites, thus allowing the motion
of the dislocation and consequently of the island cen-
ter of mass. Alternative possibilities suggested by Hamil-
ton et al. for dislocation mediated island motion are
the “kink” mechanism (the same atomic row moves by
sequential but correlated atomic motion) or the “gliding”
mechanism studied below, where all the atoms of the
island move simultaneously. Molecular dynamics simu-
lations together with a simple analytical approach [160]
suggest that for the smallest islands (N < 20) the glid-
ing mechanism is favored, for intermediate sizes (20 <
N < 100) the dislocation motion has the lowest activa-
tion energy, while for the largest studied islands (N >
100) the preferential mechanism is that of “kink” dis-
location motion. It is interesting to quote at this point
recent direct observations of cluster motion by field ion
microscopy [161]. By a careful study, the authors have
ruled out the individual atomic mechanisms discussed
above as well as the dislocation mechanism. Instead, they
suggest that gliding of the cluster as a whole is likely to
explain the observed motion [161].

Hamilton later studied the case of heteroepitaxial,
strained islands [162]. He has shown that—due to the
misfit between the substrate and the island structures—
there can exist islands for which introducing a dislocation
does not cost too much extra energy. These metastable
misfit dislocations would propagate easily within the
islands, leading to “magic” island sizes with a very high
mobility [162].

7.1.2. 3D Island Diffusion Mechanisms

For 3D clusters, the three microscopic mechanisms pre-
sented above are possible in principle. However, as noted

above, the individual atom mechanisms lead to a dif-
fusivity smaller than the diffusion of Sby,, on graphite
by several orders of magnitude. These mechanisms have
also been ruled out for the diffusion of gold crystal-
lites on ionic substrates [147]. Several tentative expla-
nations based on the gliding of the cluster as a whole
over the substrate have been proposed [147]. Reiss [163]
showed that, for a rigid crystallite which is not in epi-
taxy on the substrate, the activation energy for rotations
might be weak, simply because during a rotation, the
energy needed by atoms that have to climb up a bar-
rier is partially offset by the atoms going into more sta-
ble positions. Therefore, the barrier for island diffusion
is of the same order as that for an atom, as long as
the island does not reach an epitaxial orientation. Kern
et al. [147, 164] allowed for a partial rearrangement of
the interface between the island and the substrate when
there is a misfit. The interface would be composed of
periodically disposed zones in registry with the substrate,
surrounded with perturbed (“amorphous”) zones, weakly
bound to the substrate. This theory—similar in spirit to
the dislocation theory proposed by Hamilton [160, 162]
for 2D islands—leads to reasonable predictions [147] but
is difficult to test quantitatively.

To clarify the microscopic mechanisms of 3D cluster
diffusion, we now present in detail MD studies carried
out recently [165]. These simulations aimed at clarifying
the generic aspects of the question rather than model-
ing a particular case. Both the cluster and the substrate
are made up of Lennard-Jones atoms [166], interacting
through potentials of the form

ror=((2)°- ()

Empirical potentials of this type, originally developed
for the description of inert gases, are now commonly
used to model generic properties of condensed systems.
Lennard-Jones potentials include only pair atom-atom
interaction and ensure a repulsive interaction at small
atomic distances and an attractive interaction at longer
distances, the distance scale being fixed by ¢ and the
energy scale by e. For a more detailed discussion of the
different interatomic potentials available for MD simula-
tions and their respective advantages and limitations, see
[167]. The substrate is modeled by a single layer of atoms
on a triangular lattice, attached to their equilibrium sites
by weak harmonic springs that preserve surface cohesion.
The Lennard-Jones parameters for cluster atoms, sub-
strate atoms, and the interaction between the substrate
and the cluster atoms are respectively (€., 0,.), (€, Oyy)s
and (e,., 0,.). €., and o, are used as units of energy and
length. €., o, and T, the temperature of the substrate,
are the control parameters of the simulation. The last two
parameters are then constructed by following the stan-
dard combination rules: e, = ¢5 and o, = (0, + 0y,).
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Finally, the unit of time is defined as 7 = (Mo?2 /€)',
where M is the mass of the atoms which is identical for
cluster and substrate atoms. The simulation uses a stan-
dard molecular dynamics technique with thermostatting
of the surface temperature [168].

In these simulations, the clusters take the spherical
cap shape of a solid droplet (Fig. 21) partially wetting
the substrate. The contact angle, which can be defined
following reference [169], is roughly independent of the
cluster size (characterized by its number of atoms n, for
50 < n < 500). This angle can be tuned by changing the
cluster—substrate interaction. For large enough ¢,,, total
wetting is observed. The results presented below have
been obtained at a reduced temperature of 0.3 for which
the cluster is solid. This is clearly visible in Figure 21,
where the upper and lower halves of the cluster, colored
white and grey at the beginning of the run, clearly retain
their identity after the cluster center of mass has moved
over three lattice parameters. Hence the cluster motion
appears to be controlled by collective motions of the clus-
ter as a whole rather than by single atomic jumps.

Figure 21. Configuration of the Lennard-Jones cluster on the crys-
talline surface. (A) Side view: The cluster is partially wetting the sur-
face. (B) Top view: The two halves of the cluster have been colored at
the beginning of the run. After the cluster center of mass has moved
by roughly three substrate lattice constants from its original position,
the two parts of the cluster are still well distinct. Then, the cluster dif-
fusion cannot be explained in terms of single atom mechanisms (n =
100, o, = 0.7, €, = 0.4, T = 0.3).

The MD simulations have confirmed that one of the
most important parameters for determining the cluster
diffusion constant is the ratio of the cluster lattice param-
eter to the substrate lattice parameter. The results for the
diffusion coefficient are shown in Figure 22a. When the
substrate and cluster are commensurate (o, = 0, = 1),
the cluster can lock into a low energy epitaxial config-
uration. A global translation of the cluster would imply
overcoming an energy barrier scaling as n?/3, the contact
area between the cluster and the substrate. In that case
diffusion will be very slow, unobservable on the time scale
of the MD simulations. What is interesting to note is
that even small deviations from this commensurate case
lead to a measurable diffusion on the time scale of the
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Figure 22. (a) Dependence of the diffusion coefficient on the mismatch
between the lattice parameter of the substrate and the cluster. A small
change in the lattice parameter of the cluster leads to a huge change in
the diffusivity (n = 100, €,, = 0.4, T = 0.3, run length = 12500 7). (b)
Dependence of the diffusion coefficient of a cluster as a function of its
number of atoms. Data correspond to different mismatches between the
cluster and the substrate lattice parameters. The diffusion coefficient
decreases as a power law with exponent a. The two different slopes
correspond to different diffusion regimes: the weaker dependence cor-
responds to a Brownian trajectory; the stronger correspond to a “hop-
pinglike” diffusion. For comparison, the arrow indicates the diffusion
coefficient of a single adatom with o, = 0.9.
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MD runs. This can be understood from the fact that the
effective potential in which the center of mass moves is
much weaker, as the cluster atoms, constrained to their
lattice sites inside the rigid solid cluster, are unable to
adjust to the substrate potential (see above, Reiss model
[163]). The effect is rather spectacular: a 10% change on
the lattice parameter induces an increase of the diffusion
coefficient by several orders of magnitude.

Finally, we show in Figure 22b the effect of cluster
size on the diffusion constant for different lattice param-
eter values. As the number n of atoms in the cluster is
varied between n = 10 and n = 500, the diffusion con-
stant decreases, roughly following a power law D ~ n®.
This power law exponent « depends significantly on the
mismatch between the cluster and the substrate lattice
parameters. For high mismatches (o, = 0.7,0.8), a is
close to —0.66. As the diffusion constant is inversely pro-
portional to the cluster—substrate friction coefficient, this
result is in agreement with a simple “surface of contact”
argument yielding D ~ n=>/3. On the other hand, when
the lattice mismatch is equal to 0.9, one obtains a ~
—1.4, although the shape of the cluster, characterized
by the contact angle, does not appreciably change. It is
instructive to follow the trajectory followed by the cluster
center of mass (Fig. 23). In the runs with a large mis-
match (Fig. 23a), this trajectory is “Brownianlike,” with
no apparent influence of the substrate. This is consistent
with the simple “surface of contact” argument. Instead,
when the mismatch is small (Fig. 23b), the center of mass
of the cluster follows a “hoppinglike” trajectory, jumping
from site to site on the honeycomb lattice defined by the
substrate. When o, = v/3/2, there seems to be a transi-
tion between the two regimes around n = 200.

It is interesting to consider the interpretation of clus-
ter motion in terms of dislocation displacement within
the cluster, a mechanism which has been proposed to
explain rapid 2D cluster diffusion [160, 162] (see the dis-
cussion in Section 7.1.1). For this, one can “freeze” the
internal degrees of freedom of the cluster deposited on
a thermalized substrate. The center of mass trajectory is
integrated using the quaternion algorithm [165, 168]. Sur-
prisingly, the diffusion constant follows the same power
law as in the free cluster case [165]. This result proves
that the diffusion mechanism in this case cannot be sim-
ply explained in terms of dislocation migration within
the cluster as proposed to explain the diffusion of 2D
islands in [160, 162]. As the substrate atoms are tethered
to their lattice site, strong elastic deformations or dislo-
cations within the lattice are also excluded. Hence, the
motor for diffusion is here the vibrational motion of the
substrate, and its efficiency appears to be comparable to
that of the internal cluster modes.

Very recently, U. Landmann performed MD simula-
tions of diffusion of large gold clusters on HOPG sub-
strates [170]. He finds high cluster mobility, in agree-
ment with the preceding simulations. His studies show
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Figure 23. Trajectory of a cluster center of mass diffusing on a sub-
strate. The solid line represents the trajectory and the circles the equi-
librium position of the surface atoms. (a) Large mismatch: the motion
is “Brownianlike” (i.e., the cluster does not “see” the structure of the
surface). The values of the parameters are €, = 0.4, o, = 0.7, T =
0.3, n =100. (b) Small mismatch: the cluster center of mass jumps from
one hexagon center to a nearest neighbor one. The values of the param-
eters are the same as for (a) except for o, = 0.9.

that cluster diffusion in this case proceeds by two differ-
ent mechanisms: long (several cluster diameters) linear
“flights” separated by relatively slow diffusive motion as
observed in the preceding simulations. Further work is
needed to ascertain the atomic mechanisms leading to
this kind of motion.

7.1.3. Discussion

What are the (partial) conclusions which can be drawn
from these studies of cluster diffusion? We think that the
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main parameter determining the mobility of 3D islands
on a substrate is the possible epitaxy of the cluster on the
substrate. Indeed, if the island reaches an epitaxial orien-
tation, it is likely to have a mobility limited by the indi-
vidual atomic movements, which give a small diffusion
constant (of order 10~ cm? s~! at room temperature).
Diffusivities of this magnitude will not affect the growth
of cluster films during typical deposition times, and clus-
ters can be considered immobile. The effect of these kind
of diffusion rates can only be seen by annealing the sub-
strates at higher temperatures or for long times. Accord-
ing to Hamilton [160], dislocations could propagate even
for epitaxial islands, but it is likely that this mechanism
is more important in the case of heteroepitaxial islands
which we now proceed to discuss. Indeed, if the island
is not in epitaxy on the substrate, high mobilities can
be observed because the cluster sees a potential profile
which is not very different from that seen by a single
atom. It should be noted that this nonepitaxy can be
obtained when the two lattice parameters (of the sub-
strate and the island) are very different, or also when they
are compatible if there is relative misorientation. The lat-
ter has been observed for gold on ionic substrates [147]
and mobility is relatively high until the crystallites reach
epitaxy. The MD simulations presented above show that,
for Lennard-Jones potentials, only homoepitaxy prevents
clusters from moving rapidly on a surface. It should be
noted that relaxation of the cluster or the substrate—
which would favor a locking of the cluster in an energet-
ically favorable position at the expense of some elastic
energy—has not been observed in these LJ simulations
nor has dislocation propagation. This is probably realistic
for low interaction energies which correspond to metal
clusters on graphite. It could also be argued that dislo-
cation motion is more difficult in 3D clusters than in 2D
islands since the upper part of the particle (absent in 2D
islands) tends to keep a fixed structure. Another impor-
tant parameter is the cluster—substrate interaction: one
can think that a large attractive interaction (for metal
on metal systems for example) can induce an epitaxial
orientation and prevent the cluster from diffusing, even
in the heteroepitaxial case. The differences between the
diffusion of clusters grown on a substrate by atom depo-
sition and aggregation and those previously formed in
a beam and deposited must also be investigated. One
could anticipate that islands formed by atom aggregation
on the substrate would accommodate easily to the sub-
strate geometry, whereas preformed clusters might keep
their (metastable) configuration. However, it is not at all
clear that island nucleation and epitaxy are simultane-
ous phenomena, for it has been observed that islands can
form in a somewhat arbitrary configuration and subse-
quently orient on the substrate after diffusion and rota-
tion (see [147]).

7.2. Cluster—Cluster Coalescence

What happens when two clusters meet? If they remain
simply juxtaposed, morphologies similar to Figure 14a are
observed. In this case, the incident clusters have retained
their original morphology, and the supported particles
are identical to them, even if they are in contact with
many others after cluster diffusion. It is clear, by look-
ing for example at Figure 17, that in some experimental
situations the supported islands are clearly larger than
the incident clusters, indicating that some coalescence has
taken place. How can one understand and predict the size
of the supported particles? Which are the relevant micro-
scopic parameters? This is an interesting question from
the fundamental point of view, since it is not clear that
the theoretical tools which have been developed to deal
with the kinetic evolution of macroscopic objects (size
larger than a micrometer) by Herring [191] and Mullins
and Nichols [174] can be used at the nanometer scale.
These equations, which are based on coarse-grained, con-
tinuous equations, lead to an equilibrium time 7., which
increases as the fourth power of the object linear size. For
example, one could wonder whether sintering of ceramic
or metallic nanopowders can be analyzed with these clas-
sic tools since it is not clear that macroscopic concepts
such as curvature, chemical potential, etc., should retain
their relevance when dealing with structures containing
only few atoms. Studying the validity of the partial dif-
ferential equations approach at various length scales and
temperatures is important since this formalism is also
used by experimentalists to interpret their data and by
theoreticians as a black box to calculate the time evolu-
tion of different structures [14, 192-195].

We will first briefly examine the classical theory for
sphere—sphere coalescence (i.e., ignoring the effect of the
substrate) and then review recent molecular dynamics
simulations which suggest that this classical theory may
not be entirely satisfactory for nanoparticles.

7.2.1. Continuum Theory of Coalescence

The standard analysis of kinetics of sintering is due to
Mullins and Nichols [173, 174]. The “motor” of the coa-
lescence is the diffusion of atoms of the cluster (or island)
surface from the regions of high curvature (where they
have less neighbors and therefore are less bound) toward
the regions of lower curvature. The precise equation for
the atom flux is [174]

> D,yQv
J=-2C"VK 2
s kBT s ( )

where D, is the surface diffusion constant (supposed to
be isotropic), vy is the surface energy (supposed to be
isotropic too), () is the atomic volume, v is the number
of atoms per unit surface area, k is Boltzmann’s con-
stant, T is the temperature, and K is the surface curva-
ture (K = 1/R, + 1/R,) where R, and R, are the prin-
cipal radii of curvature). For sphere-sphere coalescence,
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an order of magnitude estimation of the shape changes
induced by this flux is [174]

d PK
M __opZ2

o~2Bos (y=s=0) ®)

where dn is the outward normal distance traveled by a
surface element during dt, s is the arc length, and B =
D,yQ?v/kyT (the z axis is taken as the axis of revolu-
tion). For this geometry, Eq. (3) becomes (Fig. 24)

dl B /
—~—=l1-= 4
at P < R) “
where we have made an order of magnitude estimation of
the second derivative of the curvature: 0K /ds ~ (K(R) —
K(1))/l and similarly 9*K /s> ~ (1 — I/R)/I* (see Fig.
24). Integrating Eq. (4) leads to
I~ ((*+4Bt)"*  forl <R (5)

Equation (5) gives an estimation of the coalescence kinet-
ics for two spheres of radius r and R.

7.2.2. Island Morphology within the Continuum
Approximation

Now we can turn to the prediction of one of the essential
characteristics of cluster films: the size of the supported
particles. As we have already mentioned in the Introduc-
tion, the size of the nanoparticles controls many interest-
ing properties of the films. Therefore, even an approxi-
mate result may be useful, and this is what we obtain in
this section.

First Stages of Growth: Thin Films The experiments
shown above demonstrate that the supported particles
can have a variety of sizes, from that of the incident
clusters (Sb,;,,/HOPG, Section 6.1) up to many times
this size (for example Au,;,/HOPG, Section 6.2.2). To
understand how the size of the supported particles is
determined, one can look at a large circular island to

Figure 24. Schematic illustration of the competition between coales-
cence and kinetic ramification. R is the radius of the largest island, r
is that of the incident clusters, and / stands for the typical length of a
coalescing cluster. The label “a” refers to the ramification process when
a cluster is touched by another one before coalescence can take place.

which clusters are arriving by diffusion on the substrate
(Fig. 24). There are two antagonist effects at play here.
One is given by thermodynamics, which commands that
the system should try to minimize its surface (free)
energy. Therefore one expects the clusters touching an
island to coalesce with it, leading to compact (spheri-
cal) domains. The other process, driving the system away
from this minimization, is the continuous arrival of clus-
ters on the island edge. This kinetic effect tends to form
ramified islands. What is the result of this competition?
Since there is a kinetically driven ramification process, it
is essential to take into account the kinetics of cluster—
cluster coalescence, as sketched in the previous section.
We will use Eq. (5) even if it is only approximate to derive
an upper limit for the size of the compact domains grown
by cluster deposition. It is an upper limit since, as pointed
out in the previous section, coalescence for facetted par-
ticles could be slower than predicted by Eq. (5), hence
diminishing the actual size of these domains.

We first need an estimate of the kinetics of the second
process: the impinging of clusters on the big island. A
very simple argument is used here (see also [203] for a
similar analysis for atomic growth): since the number of
clusters reaching the surface is F per unit surface per
second and the total number of islands is N, per unit
surface, each island receives on average a cluster every
t,=N,/F.

We are now in a position to quantify the degree of
coalescence in a given growth experiment. Let us sup-
pose that a cluster touches a large island at t = 0. If no
cluster impinges on the island before this cluster com-
pletely coalesces [in a time 7, according to Eq. (5)], then
the islands are compact (circular). Instead, if a cluster
touches the previous cluster before its total coalescence
has taken place, it will almost freeze up the coalescence
of the previous cluster. The reason is that now the atoms
on the (formerly) outer surface of the first cluster do not
feel curvature since they have neighbors on the second
cluster. The mobile atoms are now those of the second
cluster (see Fig. 24, label a) and the coalescence takes a
longer time to proceed (the atoms are farther from the
big island). Then, if ¢, « 7., the islands formed on the
surface are ramified. For intermediate cases, the size R,
of the compact domains can be estimated from Eq. (5)
as R, = x(f,) where 7, takes into account the fact that,
to freeze the coalescence of a previous cluster, one clus-
ter has to touch the island at roughly the same point,
{, ~t2wR/r, and

2R, N,
F

R!=r"+4B (6)

Equation (6) describes the limiting cases (B ~ oo or
B ~ 0) correctly. The problem with the intermediate
cases is to obtain a reliable estimate of the (average)
atomic surface self-diffusion. For gold, Chang and Thiel
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Figure 25. Approximate dependence of the radius of the supported
particles R. as a function of the substrate temperature for submono-
layer and thick films. Lines refer to predictions from Eq. (6) with differ-
ent incident cluster radii while symbols represent experimental results
shown. The theoretical predictions for the submonolayer regime were
obtained by taking N,/F = 0.1 and using Eq. (7). For the thick film
limit, we have taken F = 107> ML/s and r = 2.5 nm [Eq. (8)]. One
should consider these theoretical R, values as an upper limit since coa-
lescence may be much slower at these (nano)scales (see the text). As a
consequence, it is no surprise that the predicted values are clearly larger
than the experimental ones. Concerning Sb, the huge difference can
come from a partial oxidation of the clusters on the substrate because
of the relatively bad vacuum conditions (pressure ~ 107 Torr). Even a
thin oxide layer can decrease significantly atomic surface diffusion and
transport, thus slowing the coalescence process.

[138] give values which vary between 0.02 eV on com-
pact facets and 0.8 eV on more open surfaces. One solu-
tion is to go the other way around and estimate D, from
the experimental data and Eq. (6). From Figure 17, esti-
mating R, from the thickness of the island arms, and
using the experimental values for r (0.85 nm) and the fact
that since the flux is pulsed (see Section 6.2.2), the time
between two successive arrivals of clusters is approxi-
mately the time between two pulses (0.1 s), and not N,/F,
one obtains D, >~ 3 x 1073 cm? s~ exp(—0.69 eV /(kzT)),
which seems a sensible value.

Despite the difficulty of defining average diffusion
coefficients, one can use Eq. (6) to obtain a rea-
sonable guess for the size of the compact domains
by assuming that D, is thermally activated: D(T) =
Dyexp(—E,/(kzT)) with a prefactor D, = 1073 cm?s™!
and an activation energy E, taken as a fraction of the
bonding energy between atoms (proportional to k7).
One obtains [204]

B = 10" exp(—4.6T;/T) nm*/s (7)

Inserting this value in Eq. (6) leads to Figure 25 where
the size of the compact domains is plotted as a function
of T/T;. The important feature is that as long as 7/T; <
1/4, the incident particles do not merge. Note that this
1/4 is sensitive to the assumed value of D*, but only via
its logarithm. Again, this estimation of R,/r is an upper

limit since coalescence could be slower than predicted by
Eq. (5).

What would happen now if the incident clusters were
liguid? An experimental example of this liquid coales-
cence is given by the deposition of In,, on a-C (see
above). A rough guess of the coalescence time is given
by a hydrodynamics argument [205]: the driving force of
the deformation is the surface curvature y/R* where y
is the liquid surface tension and R is the cluster radius.
This creates a velocity field which one can estimate using
the Navier-Stokes equation: nAv = y/R?* where 7 is the
viscosity and v is the velocity of the fluid. This leads to
7.(liquid) ~ R/v ~ nR/7y. Inserting reasonable values for
both 1 (0.01 Pa/s) and y (1 J/m~2) leads to 7.(liquid) ~
0.01R which gives 7.(liquid) = 10 ps for R ~ 1 nm. This
is the good order of magnitude of the coalescence times
found in simulations of liquid gold clusters (7, (liquid) ~
80 ps [176]). Now, since 7. (liquid) <« ¢, (¢, ~ 0.1s;
see above) cluster—cluster coalescence is almost instanta-
neous, which would lead to R, ~ oc. In fact, R, is limited
in this case by static coalescence between the big islands
formed during the growth. The reason is that the big
islands may be solid or pinned by defects leading to a
slow coalescence. The analysis is similar here to what has
been done for atomic deposition [206].

Thick Films The preceding section has studied the first
stages of the growth, the submonolayer regime, which
interests researchers trying to build nanostructures on
the surface. We attempt here a shorter study of the
growth of thick films, which are known to be very dif-
ferent from the bulk material in some cases [4, 7, 13].
The main reason for this is their nanostructuration, as
a random stacking of nanometer size crystallites. There-
fore, it is interesting to understand how the size of
these crystallites is determined and how stable the nanos-
tructured film is. One can anticipate that the physical
mechanism for cluster size evolution is, as in the sub-
monolayer case, sintering by atomic diffusion. For thick
films, however, surface diffusion can only be effective
before a given cluster has been “buried” by the subse-
quent deposited clusters. Thus, most of the size evolu-
tion takes place during growth, for afterward the physical
routes to coalescence (bulk or grain boundary diffusion)
are expected to be much slower. Studies of compacted
nanopowders [4, 208] have shown that nanoparticles are
very stable against grain growth. Siegel [4] explains this
phenomenon in the following way. The two factors affect-
ing the chemical potential of the atoms, and potentially
leading to structure evolutions, are local differences in
cluster size or in curvature. However, for the relatively
uniform grain size distributions and flat grain boundaries
observed for cluster assembled materials [4], these two
factors are not active, and there is nothing locally telling
the atoms in which direction to migrate to reduce the
global energy. Therefore, the whole structure is likely to
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be in a deep local (metastable) minimum in energy, as
observed in closed-cell foams. The stability of such struc-
tures has been confirmed by several computer simulations
[209, 210] which have indicated a possible mechanism
of grain growth at very high (7/T; ~ 0.8) temperatures:
grain boundary amorphization or melting [209].

What determines the size of the supported particles
during the growth? For thick films, a reasonable assump-
tion is that a cluster impinging on a surface already cov-
ered by a layer of clusters does not diffuse, because it
forms strong bonds with the layer of the deposited clus-
ters. This hypothesis has been checked for the growth
of Sby, on graphite [117] or that of Au,;, on gold
[211]. There are two main differences with submonolayer
growth: first, an impinging cluster has more than one
neighbor and the sphere-sphere kinetics is not very real-
istic; second the relevant time for ramification we have
used in the preceding section is no longer useful here
since clusters do not move. As a first approximation, to
obtain an upper limit in the size of the domains, we can
use the same coalescence kinetics and take a different
“ramification” time: the average time for the arrival of a
cluster touching another is roughly z; ~ 1/(Fd*) where
d = 2r is the diameter of the cluster. If the same formula
[Eqg. (5)] is used, one finds

B
4 _ 4
Ri=r'+ ®)

The results obtained using the same approximation as
in the preceding section for B [Eq. (7)] are shown in
Figure 27.

Experimentally, there are observations for deposition
of Ni and Co clusters [207]. The size of the crystallites is
comparable to the size of the incident (free) clusters. This
is compatible with Eq. (8) since the 7 of these elements
is very high (=~ 1800 K). Therefore, Eq. (8) predicts that
films grown at T = 300 K (7/T; ~ 0.17) should keep
a nanostructuration with R, >~ r, as is observed experi-
mentally [207]. We stress again that a structure obtained
with cluster deposition with this characteristic size is not
likely to recrystallize in the bulk phase (thereby losing
its nanophase properties) unless brought to temperatures
close to T} [4, 209, 210].

7.2.3. Limitations of the Continuum Theory

However, despite its plausibility, Eq. (5) has to be used
with care. First, the calculation leading to it from the
expression of the flux [Eq. (2)] is only approximate. More
importantly, Eq. (2) assumes isotropic surface tension
and diffusion coefficients. While this approximation may
be fruitful for large particles (in the um range [175]),
it is clearly wrong for clusters in the nanometer range.
These are generally facetted [176-178] as a result of
anisotropic surface energies. This has two important con-
sequences: first, since the particles are not spherical, the

atoms do not feel a uniform curvature. For those located
on the planar facets, the curvature is even 0, meaning
that they will not tend to move away spontaneously. This
effect should significantly reduce the atomic flux. Sec-
ond, the diffusion is hampered by the edges between the
facets [179] which induce a kind of “Schwoebel” effect
[180]. Then, the effective mass transfer from one end
of the cluster to the other may be significantly lower
than expected from the isotropic curvatures used in Eq.
(2). For these anisotropic surfaces, a more general for-
mula which takes into account the dependence of y on
the crystallographic orientation should be used (see for
example [96]). However, this formula is of limited practi-
cal interest for two reasons. First, the precise dependence
of the surface energy on the crystallographic orientation
is difficult to obtain. Second, as a system of two touching
facetted clusters does not in general show any symme-
try, the solution to the differential equation is hard to
find. One possibility currently explored [181] is to assume
a simple analytical equation for the anisotropy of 2D
islands and integrate numerically the full (anisotropic)
Mullins’ equations.

Molecular Dynamics Simulations of Coalescence Since
continuum theories face difficulties in characterizing the
evolution of nanoparticle coalescence, it might be useful
to perform MD studies of this problem. Several stud-
ies [176, 182, 198] have been performed showing that
two distinct and generally subsequent processes lead to
coalescence for particles in the nanometer range: plastic
deformation [198] and slow surface diffusion [176, 182].

Zhu and Averback [198] have studied the first stages
(up to 160 ps) of the coalescence of two single-crystal
copper nanoparticles (diameter 4.8 nm). They demon-
strate that plastic deformation takes place and that a
relative rotation of the particles occurs during this plas-
tic deformation. During the first 5 ps, the deformation
is elastic, until the elastic limit (roughly 0.8 nm [198])
is reached: after this, since the shear stress is very high,
dislocations are formed and glide on (111) planes in the
(110) direction, as usually seen in fcc systems. After 40 ps
the stress on the glide plane is much smaller and dislo-
cation motion is less important: the two particles rotate
until a low energy grain boundary is found. This intial
stage of the coalescence, where the two particles reori-
ent and find a low energy configuration, is very rapid
but does not lead in general to thorough coalescence.
An interesting exception might have been found by Yu
and Duxbury [182]: their MD simulations showed that for
very small clusters (typically less than 200 atoms) coales-
cence is abrupt provided the temperature is sufficiently
close to the melting temperature. They argue that this
is due to a (not specified) “nucleation process”: plastic
deformation is a tempting possibility.

For larger clusters, the subsequent stages are much
slower and imply a different mechanism: atom diffu-
sion on the surface of the particles. The intial stages of
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this diffusion-mediated coalescence have been studied by
Lewis et al. [176]. The point was to study if Mullins’ (con-
tinuum) predictions were useful in this size domain. In
the Lewis et al. simulations, the embedded-atom method
[171] was used to simulate the behavior of unsupported
gold clusters for relatively long times (~10 ns). Evidently,
an important role of the substrate in the actual coales-
cence of supported clusters is to ensure thermalization,
which is taken care of here by coupling the system to a
fictitious “thermostat” [184]. One therefore expects these
coalescence events to be relevant to the study of sup-
ported clusters that are loosely bound to the substrate
(e.g., gold clusters on a graphite substrate). Strong inter-
action of the clusters with the substrate may be compli-
cated and lead to cluster deformation even for clusters
deposited at low energies, for example if the cluster wets
the substrate [185, 186].

Figure 26 shows the evolution of the ratio x/R, where
x is the radius of the neck between the two particles.
After an extremely rapid approach of the two clusters due
to the mechanisms studied above (plastic deformation),
a slow relaxation to the spherical shape starts (Fig. 27).
The time scale for the slow sphericization process is diffi-
cult to estimate from Figure 26, but it would appear to be
of the order of a few hundred ns or more. This number
is substantially larger than one would expect on the basis
of phenomenological theories of the coalescence of two
soft spheres. Indeed, [174] predicts a coalescence time for
two identical spheres, 7, = kz;TR*/(CD;,ya*), where D, is
again the surface diffusion constant, a is the atomic size,
v is the surface energy, R is the initial cluster radius, and
C is a numerical constant (C = 25 according to [174]);
taking D, ~ 5 x 1071 m?s~! (the average value found in
the simulations; see [176]), R = 30 1&, vy~ 1Jm2, and
a =3 A, this yields a coalescence time 7, of the order
of 40 ns. The same theories, in addition, make definite
predictions on the evolution of the shape of the system
with time. In particular, in the tangent-sphere model, the
evolution of the ratio x/R is found [174] to vary as x/R ~
(z/7.)"® for values of x/R smaller than the limiting value
213, In Figure 26, the prediction of this simple model
(full line) is compared with the results of the present
simulations. There is no agreement between model and
simulations. The much longer coalescence time observed
has been attributed [176] to the presence of facets on
the initial clusters, which persist (and rearrange) during
coalescence. The facets can be seen in the initial and
intermediate configurations of the system in Figure 27,
the final configuration of Figure 27 shows that the cluster
is more spherical (at least from this viewpoint) and that
new facets are forming. That diffusion is slow can in fact
be seen from Figure 27: even after 10 ns, at a tempera-
ture which is only about 200 degrees below melting for a
cluster of this size, only a very few atoms have managed
to diffuse a significant distance away from the contact
region.

Figure 26. Evolution in time of the ratio of the neck radius, x, to
the cluster radius, R. The full line represents the numerical solution
obtained by Nichols [174] with an arbitrary time scale, while the crosses
are the results of the Lewis et al. [176] simulations.

The precise role of the facets in the coalescence pro-
cess is a subject of current interest. Experiments have
shown that shape evolution is very slow in presence of
facets for 3D crystallites (see for example [187]) and
recent experiments [188] and computer simulations [189]
on 2D islands suggest that the presence of facets can
be effective in slowing down the coalescence process.
Clearly, more work is needed to get a quantitative under-
standing of nanoparticles coalescence and to evaluate the
usefulness of Mullins’ approach, especially if one man-
ages to include the crystalline anisotropy (see also [190]).

7.2.4. Kinetic Monte Carlo Simulations of Coalescence

To investigate further this point, we have carried
out extensive kinetic Monte Carlo simulations of two-
and three-dimensional cluster—cluster coalescence. These
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Figure 27. Successive cluster morphologies during the coalescence of a
gold 767-atom liquid cluster with another gold 1505-atom solid cluster.
The figures represent three stages of the coalescence process after 0, 1,
and 10 ns (i.e., times much longer than those studied in [198]).

simulations are not intrinsically limited in the time scales
that can be investigated and could therefore help in
understanding the role of facets and the limitations of
the continuous approach.

We use standard kinetic Monte Carlo simulations to
study the equilibration of 2D (3D) crystallites having a
triangular (fcc) crystalline structure. Since we are only
interested in finding generic laws for the size dependence
of 7., (which should not depend on the details of atom-
atom interaction), we have chosen a very simple energy
landscape for atomic motion [200]. We assume that the
potential energy E, of an atom is proportional to its num-
ber i of neighbors, and that the kinetic barrier E,  for dif-
fusion is also proportional to the number of initial neigh-
bors, before the jump, regardless of the final number of
neighbors, after the jump: E, = —E, = i x E where E
sets the energy scale (E = 0.1 eV throughout the chap-
ter). Therefore, the probability p; per unit of time that an
atom with i neighbors moves is p; = v, exp[—i * E/k,T],
where v, = 1083s7! is the Debye frequency. Thus, our
simple kinetic model includes only one parameter, the
ratio E/kzT where kg is the Boltzmann constant and 7
is the absolute temperature. The initial configuration of
the clusters is elongated, and we stop the relaxation when
the crystallites are close to equilibrium, with an aspect
ratio of 1.2.

Simulation Results Figure 28a and b shows log—log plots
of the relaxation time as a function of the linear dimen-
sion of the 2D and 3D islands respectively. The compar-
ison between two and three dimensions reveals, as hap-
pens with all comparisons, some similarities and some dif-
ferences. In both cases, the continuous approach, which
predicts a slope of 4, is correct only for the highest tem-
peratures. The physics behind the failure of this macro-
scopic approach is also similar [200, 201].

At high temperatures, the island perimeter (surface) is
rough, full of traps for the diffusing atoms, and the usual
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Figure 28. Evolution of the equilibration time as a function of its char-
acteristic length for (a) two- and (b) three-dimensional islands contain-
ing N atoms. The numbers indicate the slope of each linear fit, to be
compared to the prediction of the continuous theory (slope = 4).

(individual) atomic surface diffusion is efficient to trans-
fer mass from the high chemical potential regions (the
tips of the islands) to the low potential ones (the cen-
ter of the island). Herring [191] and Nichols and Mullins
[174] quantified this physical process long ago: taking
the chemical potential as proportional to the local curva-
ture, and using matter conservation and linear response
theory, one reaches inevitably the fourth power law, in
agreement with our Monte Carlo simulations. This result
then validates the use of the concept of curvature at
microscopic scales.

At lower temperatures, facets begin to appear, and sin-
gle atom diffusion can no longer transfer matter from
the tips to the center, because these atoms simply wan-
der on top of the facets to become trapped again in the
tips. Therefore, a supplementary step has to be over-
come for the island to approach equilibrium: the nucle-
ation of new atomic lines or terraces. So far, flat and
3D islands behave similarly: now come the differences,
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since, after all, when the temperature is lowered, the size-
dependence exponent rapidly increases in three dimen-
sions, whereas it slowly decreases in two dimensions (Fig.
28a and b).

In three dimensions, the increase of the size expo-
nent (which is actually due to an exponential behavior)
is a consequence of the presence of a nucleation energy
barrier which depends on the crystallite size [201]. The
nucleation of a germ on a facet is formally similar to
the creation of a liquid germ within a gas phase, except
that in our case the chemical potential of the atoms in
the “gas” depends on the size of the crystallite because
these atoms come from the tips, whose curvature (which
fixes the chemical potential; see above) is size dependent.
Therefore, as the crystallite size increases, an ever larger
nucleation barrier has to be overcome, which induces an
exponential increase in the relaxation time. In two dimen-
sions, a careful analysis [200] shows that the decrease of
the exponent leads to a N dependence of the relaxation
time at very low temperatures. Due to the presence of
facets, the diffusion is not at all a limiting process, and
the limiting step of the relaxation is the nucleation of a
germ of the size of the smallest facet on a larger facet
[202]. The average time 7, ;s NE€ded to create a two-
particle germ on a facet can be shown to be independent
on the size of the facet: 7, e & 75/7, (Where 7, = 1/p,,
p; defined in Section 7.2.4). This step is the most diffi-
cult one of the creation of the critical germ: it imposes
its activation energy on the limiting step duration. Once
a two-particle germ has been created, the germ has a
probability 1/(/ —2) to grow up to the critical size / with-
out disappearing [202]. The duration of the whole limit-
ing step of the relaxation is then about 7y, & 73(/ —
2)/7, o 131/7,. It is important to note that 7y, is the
time to transport / particles from a facet to another. If
L is the size of the largest facet, the nucleation of a crit-
ical germ has to be repeated about L — [ times so that
the crystallite goes back to its equilibrium shape. The
relaxation time then scales as Tyopaiion ¢ (L — )73/ 7, o
TN/,

8. PROPERTIES OF CLUSTER ASSEMBLED FILMS

8.1. Optical Nanostructures
from Noble Metal Clusters

Noble metal particles exhibit specific optical properties
mainly due to the multipolar collective excitations arising
from the dielectric confinement [224]. In the nanome-
ter range the photoabsorption spectra are dominated by
an absorption band whose position and width are ruled
by the intrinsic properties of the clusters and the sur-
rounding medium (surface plasmon or Mie resonance).
These features appear to be size dependent, although
no size effect is predicted by the classical Mie theory in
the quasistatic limit, except for a mere volume scaling
factor. These measured size effects which reflect those

of the electronic structure indeed have a quantum ori-
gin. In contrast with alkali clusters for which plasmon
frequency exhibits a noticeable redshift with decreasing
cluster size due to the spill-out phenomenon [225], this
trend is reversed in the case of free Ag), and Auj; clus-
ters [226, 227]; namely a slight blueshift is observed,
reflecting the influence of the d-electrons. The under-
standing of the optical properties of pure metal particles
makes the extension of this study to bimetallic clusters in
the small size domain very interesting. Bimetallic parti-
cles can form either alloys or segregated (referred to as
coated, or core-shell, particles) systems [228, 229, 233].
Up to now, most of the experiments on alloyed and
coated Ag/Au systems were realized for particles larger
than 5 nm in diameter [229, 234]. Here we report on
the size evolutions of the optical properties of alumina-
embedded mixed silver-gold clusters (Au,Ag,_,), with x
= 0, 0.25, 0.50, 0.75, and 1) with mean optical diameters
between 1.5 and 7 nm, prepared by LECBD.

Clusters and alumina matrix are co-deposited on a sub-
strate at room temperature as described in Section 2.
The metal volumic fraction is chosen to be less than 5%
by controlling both deposition rates, in order to reduce the
cluster coalescence effect and to deduce the optical proper-
ties of noninteracting isolated particles. Optical absorption
spectra displayed in Figure 29 a—e for respectively Auy,
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Figure 29. Optical absorption spectra of Au,Ag,_,N clusters in alumina
films for various relative compositions x and size distributions (a) AgN;
(b) (Augzs Agyss)N; (€) (Augs Agys)N; (d) (Augss Agos)N; and ()
AuN. The mean optical diameter of clusters (defined as D, = (D*)'?)
is indicated for each sample.
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(AugsAg) 75)ns (AugsAgys)y, (Augz5A48025)y, and Agy-
clusters/alumina films, for various cluster-size distribu-

tions, exhibit a more or less pronounced absorption band
(between 2 and 3 eV) due to the surface plasmon res-
onance and an increasing absorption in the ultraviolet
region due to interband transitions. Comparison of our
spectra (for mixed clusters) with those of alloyed and seg-
regated Au—Ag clusters reported in the literature [235-
237] highly suggests an alloying of the two metals inside
the clusters. One can notice a large broadening and
damping of the surface plasmon band as the cluster size
decreases, especially for gold-rich clusters [221]. These
effects are more pronounced with increasing x, indicat-
ing a more important coupling between intra- and inter-
band transitions. Moreover a noticeable blueshift of the
resonance with decreasing cluster size is observed for
x =1,x=0.5, and x = 0.75. This blueshift trend weak-
ens steadily with increasing concentration of silver atoms
inside the clusters and is completely quenched for x =
0.25 and x = 0 [222, 223, 238]. Such quantum size effects
can be reproduced in the frame of a quantum/classical
theoretical approach where the conduction electrons are
quantum-mechanically treated (TDLDA), whereas the
optical properties of the matrix and the ionic core back-
ground (interband transitions from the d band toward
the s—-p conduction band, and polarization effects) are
classically described through bulklike dielectric functions.
The model includes the inner surface skin of ineffective
screening by the ionic cores [240], and the local porosity
at the particle-matrix interface [222, 223, 238, 239]. The
frequency dependence of the real component of €,(w)
[where €,(w) is the interband contribution in the dielec-
tric function of the metal] is found to be the key fea-
ture ruling the competition between the blueshift trend
induced by the skin regions of reduced polarizability, and
the redshift trend induced by the spill-out phenomenon,
the net result of which leads to the quenching of the size
effects in silver clusters and the increasing blueshift with
gold concentration.

The internal thermalization dynamics of the conduc-
tion electrons has been investigated in silver nanoparti-
cles. These measurements based on femtosecond laser
spectroscopy [241, 242] lead to the determination of
electron—electron thermalization times [243]. The estab-
lishment of an electron temperature is taking place on
a few hundred femtosecond time scale. An acceleration
of the conduction electron thermalization is observed
with decreasing silver cluster size. This observed thermal-
ization fastening is ascribed to an increase of electron—
electron scattering in small particles. The size depen-
dence of the thermalization time is in good agreement
with the model mentioned above and described in detail
in [222].

8.2. Magnetic Nanostructures from Transition
Metal Clusters and Mixed Transition
Metal-Rare Earth Clusters

The preparation of original magnetic nanostructures
and the study of their specific properties are play-
ing an increasingly important role directly related with
the large number of potential applications in various
fields such as information storage and magnetoelectronic
devices [213, 215, 244-246]. From the fundamental point
of view, the magnetic behavior of individual isolated
nanoscale systems was mainly theoretically approached
while complementary experimental investigations con-
cerned nanoparticles assemblies because of the sensi-
tivity limitation of the magnetic characterization tech-
niques. More recently, the development of novel original
magnetometers based on microSQUID [231, 245] with
sensitivity approaching 10~'7 emu which are capable of
detecting a magnetization reversal of one single nanopar-
ticle (i.e., a few cubic nanometers of cobalt) [232] has
opened a promising window in this field of “experimental
nanomagnetism.” For example, in bulk magnetic mate-
rials (3D), magnetostatic and bulk magnetocrystalline
energies are the main sources of anisotropy whereas in
lower dimensionality systems such as thin films (2D),
wires (1D), or clusters (0D), strong surface effects are
expected, emphasizing the necessity of studying one sin-
gle nanoobject to provide information on the different
contributions to the magnetic anisotropy. Investigations
on the sources of magnetic anisotropy in nanoscale sys-
tems is of particular importance for future applications
with regard to the superparamagnetic limit characteris-
tic of such small systems [246]. In fact, when decreasing
the size of the particle down to the nanometric range,
the anisotropy energy Kul (where Ku is the anisotropy
constant and V' is the volume of the particle) which acts
to fix the magnetization along an easy axis is counter-
balanced by the thermal energy kT responsible for mag-
netization fluctuations between easy axes. For isolated
nanosize particles of conventional magnetic materials, the
blocking temperature 7 indicating the upper limit above
which the particles behave superparamagnetically is of
the order of 10 K to a few tens of K. Consequently, a
first challenge prior to applications consists of developing
novel magnetic materials in the form of nanosize particles
with a rather high anisotropy in order to remain magnet-
ically oriented up to room temperature or above [246].
In the particular case of recording at high area densities,
based on the simple extrapolation of the continuous den-
sity increase in the last two decades directly connected
with bit dimension decrease, one can expect that funda-
mental physics limitations and especially those related to
the superparamagnetic limit will begin to predominate
typically around the year 2005. Thus, in this general con-
text of quite fast evolution the effort to understand the
physics of ever smaller structures has been paralleled by
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attempts to synthesize magnetic nanoparticles with con-
trolled size, morphology, structure, and composition, to
reach optimum values of various key parameters: coer-
civity Hc’, remanent magnetization Mr/, etc.

For the first time, thin 20 nm Co-cluster/Nb-matrix
films were prepared using the co-deposition tech-
nique described in Section 2 and subsequently e-
beam microlithographed to pattern a large number of
microSQUID loops (Fig. 30a). The concentration of Co-
clusters is low enough (<0.1) to avoid any interaction
between them. Moreover, only the magnetic flux coupling
of a cluster located in a microbridge (Fig. 30a) is high
enough to allow the detection of its individual magneti-
zation reversal and the measurement of the correspond-
ing spatial switching field distribution. Three-dimensional
angular dependence of the switching field was measured
by rotating the external magnetic field in and out of
the microSQUID plane (Fig. 30b). This last diagram is
evidence of one easy magnetization direction along the
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Figure 30. (a) Schematic view of a microSQUID loop patterned out of
a 20 nm thick Co clusters/Nb-matrix film by electron beam lithography.
The highest detection sensitivity is obtained for nanoclusters located
in the microbridges as shown in the figure. (b) 3D distribution of the
switching field for an individual Co cluster (diameter ~ 3 nm, >~ 1000
Co atoms) embedded in the microbridge.

HZ' axis and one hard magnetization direction along the
Hy' axis. Assuming that 7 = 0 K (the experimental tem-
perature being 35 mK) and a uniform rotation process
of the particle magnetization, we use the Stoner and
Wohlfarth model generalized in three dimensions [247]
to perform a rather good fit of this spatial distribution.
We deduce a second order anisotropy energy: E(m)/
v=-Km2+ szyz, where v is the magnetic volume
of the particle, m is a unit vector in the magnetiza-
tion direction, and K, = 2.1 x 10°J/m?, K, = 0.5 x
10° J/m? are the anisotropy constants along the easy and
hard axes, respectively. Finally, we can conclude that a
Co nanoparticle embedded in a niobium matrix mainly
behaves as a macrospin with a biaxial anisotropy corre-
sponding to a second order anisotropy energy. Let us dis-
cuss the physical origin of such anisotropy. First we can
rule out the usual cubic magnetocrystalline anisotropy
for fcc cobalt [219, 230] since this fourth order term
is one order of magnitude larger than the experimental
one. Second, by considering the nearly spherical shape
of the Co clusters, the shape anisotropy term can also
be neglected. Moreover, because the elastic constants of
the base-centered-cubic (bcc) niobium are smaller than
the fcc cobalt ones, the contribution of the magnetoelas-
tic anisotropy energy resulting from the matrix induced
isotropic stresses on the particle should be small. Con-
sequently, the experimental anisotropy measured for our
individual Co clusters is probably related to an inter-
face anisotropy resulting from the symmetry breaking
at the cluster surface. Further theoretical developments
and macroscopic experiments on Co/Nb bilayers are
in progress to test this last assumption. However, this
emphasizes the dominant role of interface in the nanosize
range which must be controlled for future applications.
For a second time, we prepared thick samples con-
sisting of Co-cluster assemblies diluted in a niobium
matrix (Co-volumic concentration 5%) in view to perform
structural and complementary magnetic characteriza-
tions. Structural studies [219, 230] using high resolu-
tion transmission electron microscopy, X-ray diffraction,
and absorption (performed at the French National Syn-
chrotron Laboratory Facility, LURE, Orsay) indicate that
the deposited Co clusters in the bcc Nb matrix can be
described as fcc-truncated octahedrons containing about
1000 atoms (diameter 3 nm) distributed as follows: 36%
are in the pure Co core of the grain, 27% participate to a
Co,NDb phase in the subsurface layer, and 37% participate
to a CoyNb7 phase in the surface layer. Moreover, from
vibrating sample magnetometry (VSM) measurements on
the same Co-clusters/Nb-matrix films, we can conclude
that the Co—-Nb alloyed interface is a “magnetically dead”
layer which is probably at the origin of the reduced “mag-
netic size” distribution observed with respect to the TEM
one [230]. Additional X-ray magnetic circular dichro-
ism (XMCD) experiments were performed at the Euro-
pean Synchrotron Radiation Facilities (ESRE, Grenoble,
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France). XMCD is used in our case as a local magnetom-
etry technique operating in the low temperature range
(i.e., T = 8 K), where the superconducting fluctuations
due to the Nb matrix prevent any conventional magne-
tization measurements. Finally, from the hysteresis loops
measured in the temperature range 5-50 K, we deduce
the remanent magnetization (Fig. 31) and an effective
anisotropy constant K = 2-10° J/m® for the Co clusters.
Note that K. is of the same order of magnitude as K,
previously found from the microSQUID measurements
on an individual Co nanpoparticle.

The Co-clusters/Pt-matrix system which is also a misci-
ble couple has been studied in the same conditions [248]
to verify the validity of the core-shell model suggested
above to account for the magnetic properties in such
nanogranular films. Finally, from both Co/Nb and Co/Pt
samples we found that cluster magnetization can be writ-
ten in the form Ms(T) = xMs, . .(T) + (1 — x)Ms}, ., (T)
[230]. For Co/Pt, one atomic layer is expected to diffuse
at the interface, giving x = 0.63. In addition, we assume
that Ms. . .(T) = Ms; , (T) leading to a magnetization
enhancement at the interface, Ms, ,(0) = 1900 kKAm™'
[to compare with Ms/.(0) = 1430 kAm™"). On the con-
trary, in the Co/Nb case, Msgy,; (0) is found to equal
zero and x = 0.36, because of the presence of two “mag-
netically dead” alloyed monolayers at the cluster—-matrix
interface, leading to the very low experimental value
observed Ms(0) = 515 kAm ™.

Since the superparamagnetic limit prevents the use
of pure transition metal particles with sizes lower than
10 nm to prepare high density storage media [246],
intermetallic compounds with strong magnetocrystalline
anisotropy such as rare earth—transition metal alloys have
been tested. For that purpose, SmCo; nanoclusters pre-
pared from a bulk SmCos targets mounted in the laser
vaporization source have been embedded in niobium
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Figure 31. Remanent magnetic moment plotted versus temperature.
The signal is first normalized taking m,(8 K)ygy = m,(8 K)xmep- One
can see that the continuous line curve fits both VSM (full dots) and
XMCD (open dots) measurements. From this fit, one can deduce the
anisotropy constant K, = 2.0 #+ 0.310° J/m’.

co-deposited films [220]. Due to the segregation of
samarium atoms at the cluster surface, a loss of magne-
tization is observed in the as-deposited nanostructured
samples compared to the bulk phase. However, postan-
nealing treatments in UHV up to 570 °C lead to an
improvement of the crystallinity of the Sm—Co nanopar-
ticles and consequently to a significant increase of their
magnetic anisotropy at the origin of a blocking temper-
ature Ty of the order of 300 K or larger [249]. This is
illustrated in Figure 32 showing the characteristic evolu-
tion of the magnetization loops with an increase of Hc
as a function of the annealing temperature for a SmCos-
clusters/Nb-matrix film.

8.3. Semiconducting Nanostructures from
Silicon/Carbon Cagelike Clusters

Both carbon and silicon are tetrahedrally covalent mate-
rials but exhibiting different behaviors related to their
own electronic structures. In the case of carbon, since
the 2p orbital is as compact as the 2s one, this element
presents a wide variety of sp-mixing called hybridization.
In pure bulk carbon, the most stable configuration cor-
responds to four independent bonds (graphite). Another
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Figure 32. Hysteresis loops obtained by conventional SQUID magne-
tometry measurements at 20 and 300 K for films of SmCo; clusters
embedded in Nb matrix. The volumic concentrations of SmCos clusters
were low enough (<5%) to avoid cluster coalescence effects. (a) As-
deposited film; (b) film subsequently annealed in situ in UHV at 570 °C
for 30 minutes.
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structure is formed by four orthogonal hybrids leading to
the sp3-hybridization (diamond phase). Silicon presents
two main differences with carbon: first, the main sta-
ble configuration corresponds to sp*-hybridization. Sec-
ond, Si atoms can promote electrons in the 3d shell
(carbon has no 2d shell). Thus, the d-state allows a
mean coordination greater than four. This corresponds
to the insulator-metallic transition observed in the high
pressure phase of silicon. Consequently, the structure
of carbon clusters is dominated by a mean hybridiza-
tion labelled sp™ with 1 < n < 3, roughly related to the
carbon basal plan curvature, while silicon clusters tend
to have rather compact structures. Fourfold bondings
exist in both carbon and silicon, but carbon clusters pro-
mote preferentially two- and threefold bondings corre-
sponding to linear chains and cyclic or cage structures
(fullerenes). It is generally admitted that C, clusters with
N < 10 atoms consist of linear or planar geometries with
low coordination, and above N = 20 atoms a possible
transition between two- and three-dimensional geome-
try occurs. Cagelike ion—fullerene structures become the
most stable isomers above N = 32 atoms, the dodecahe-
dron C,, being the first fullerene (Ih symmetry) having
the 12 pentagons required by Euler’s rules. For sili-
con, the sp*-hybridization being highly unfavorable, the
fullerenelike structures with an empty core are unsta-
ble for large Siy (N = 28 atoms) clusters. For exam-
ple, Siys looks like a fullerene but with an inner core.
However, structures including a large amount of fivefold
rings, and especially Siy with N = 20, 24, 28, which are
nearly purely sp-hybridized, are predicted. It is interest-
ing to mention that these small fullerenes (Si,, and Si,,)
exist in certain polymorph phases called clathrates (i.e.,
Na,Siyg). These structures consist of a cubic arrangement
of Si,, dodecahedra with Si,, in between. The electronic
exchange with alkaline atoms located inside each poly-
hedron increases the stability of such structure. On the
basis of the above-mentioned structures and properties of
carbon and silicon neutral free clusters, LECBD exper-
iments of size controlled distributions on various sub-
strates at room temperature have been performed [21].
In the particular case of carbon, distributions centered
around C,,, Cg,, and Cyy, were chosen for their strong
sp?, intermediate sp’>-sp®, and sp? characters, respectively.
The corresponding films (>~ 100 nm thick) were systemat-
ically analyzed using various complementary techniques
such as Raman spectroscopy, electron energy loss spec-
troscopy, and X-ray absorption near edge structure. All
these measurements converged to confirm the sp?, sp?,
and intermediate characters of the C,, Cy;, and Cg, films,
respectively. This is good evidence of a memory effect
of the free cluster structures in the films. Moreover, the
properties of the films (electrical conductivities, optical
absorption spectra, hardnesses) are in agreement with the
more or less diamond or graphite characters predicted,
emphasizing the capability of the LECBD technique to

produce materials with adjustable structures and prop-
erties. AFM observations of the deposits and density
measurements confirm the highly porous nanostructured
morphologies resulting from the nearly random stacking
process of incident clusters characteristic of the LECBD
technique. Among various carbon films obtained, the
most fascinating is the C,, film because of its sp® charac-
ter. In fact, metastable structures such as small fullerenes
may be produced in the laser vaporization source taking
into account the high sursaturation ratio involving a great
number of cluster—helium gas collisions. Comparable sets
of deposition experiments have been performed with sil-
icon clusters the size distribution of which was centered
around Sis, since interesting structures are predicted for
materials in this size range (Siy, Sis3, Siys, - .. ). As men-
tioned above, an interesting feature of these structures is
the presence of a large number of pentagonal rings on the
surface at the origin of a rehybridization of Si, and sub-
sequent changes of the electronic structure with respect
to the bulk material. As for carbon, the Si films prepared
by LECBD are granular and highly porous. However, the
Raman spectra are comparable to that of conventional
amorphous silicon (a-Si), despite a strong visible lumines-
cence in red which does not exist in a-Si [13]. We believe
that silicon obtained by the LECBD technique constitutes
a novel metastable form which could be considered for
future optoelectronic applications because of its intense
red luminescence.

More recently, we have started studying Si-C clus-
ters. Si—-C materials in crystalline and amorphous forms
have been extensively studied for 20 years [250]. Such
structures are good candidates for large bandgap elec-
tronic devices as well as being very hard materials. In
all SiC polytypes, the lattice is formed by a periodic
arrangement of silicon and carbon atoms in a sp’ tetra-
hedrally bonded network with a perfect chemical order-
ing. Si,C,_, compounds with x = 0.5 are more complex
and still debated since compositional disorder introduces
homonuclear (i.e., C-C or Si-Si bonds) and heteronu-
clear bonds (i.e., Si-C bonds). The tendency to chemi-
cal ordering into a sp® network prevails in Si-rich films.
Conversely, the disorder increases in C-rich films. How-
ever, most of the samples prepared are more or less
described in terms of local tetrahedral environment with
additional sp? fused rings for rich carbon samples. In
this context, original silicon carbide films were prepared
by the LECBD technique (from clusters preformed in
the gas phase using a combined laser vaporization—inert
gas condensation source) [218]. These films exhibited a
nanostructured morphology characteristic of the LECBD
technique with a large porosity. The minimization of the
dangling bonds due to the presence of a large num-
ber of atoms at the surface of the nanograins involves
a rearrangement of the classical “diamond” tetrahedral
structure. This is achieved if silicon and carbon form
a compact structure close to the so-called “fullerenes”
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structure. In the case of carbon, the fullerenes have an
empty core leading to a threefold configuration [251],
while silicon cages are “stuffed” with additional silicon
atoms inside the cage [216]. This last configuration allows
a fourfold structure which is more stable for silicon. For
SiC heterofullerenes, competition between threefold and
fourfold configurations is expected. In this case, it has
been established that empty core fullerenes are stable up
to 12 silicon atoms (i.e., Si, Cg,_, with x = 12 is isostruc-
tural to Cg).

Figure 33 displays the mass distributions measured in
the TOF mass spectrometer of the free ionized clus-
ters Si,C;" , for various values of x. For x = 0, pure
carbon clusters formed by even numbers of atoms are
present (Figure 33a). This is one of the signatures of the
fullerene family (i.e., cages with an empty core). Increas-
ing x up to 0.12 reveals additional peaks corresponding to
the heterofullerene family as observed in Figure 33b for
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Figure 33. Abundance mass spectra in selected windows of ionized
Si,C,_, clusters for different x values, measured using the high reso-
lution TOF mass spectrometer associated with the laser vaporization
cluster source. (a) Pure carbon clusters (x = 0, fullerenes); (b) hetero-
fullerenes (x = 0.12); (c) mixed SiC clusters (x = 0.5); and (d) pure
silicon clusters (x = 1).

CZn,qSiq+ clusters with ¢ = 1 and g = 2 [252]. The mass
spectrum for x = 0.5 (Figure 33c) corresponds to the sto-
ichiometric compound with all the combinations between
carbon and silicon (clusters with odd or even numbers of
atoms).

The cluster assembled films resulting from the deposi-
tions of various distributions mentioned above have been
analyzed by several complementary techniques: plasmon
losses, scattering enhanced Raman spectroscopy, X-ray
photoelectron spectroscopy (XPS), and Auger-electron
spectroscopy (AES). Plasmon loss measurements are
summarized in Table 1. These values are strongly depen-
dent on the electron density in the films. For pure silicon
cluster films, the plasmon frequency measured (17.2 eV)
is close to the value for bulk silicon (17 eV). This is
in agreement with the idea of stuffed fullerenes based
materials having a density close to the diamond struc-
ture one. However, this is not the case for pure carbon
cluster films having a structure with an empty core. More-
over, the plasmon frequency for the sample Si,C,_, with
x =0.12 (21 eV) is close to the pure carbon cluster film
one (22 eV), since heterofullerenes exhibit a structure
comparable to the pure fullerenes structure. For x = 0.5,
we expect a combination between pure silicon clusters,
pure carbon clusters, and SiC clusters with a tetrahedral
structure as mentioned below, leading to an intermediate
value of the plasmon frequency (19.5 eV).

Figure 34 displays the Raman spectra measured on
the Si,C,_, cluster films. For x = 0.5 three types of
bonding in the supported clusters were revealed: C-C,
Si-Si, and Si-C. The latter corresponds to the chemi-
cal ordering part. One has to mention that no notice-
able signal is observed during the measurements at low
laser fluence (P < 1 mW with a spot diameter of about
2-4 pm) for the sample with x = 0.12, near the 500-
1000 cm~! region corresponding to the phonon density
of states in SiC compounds. In this case, the Raman sig-
nal appears clearly by increasing the laser power up to
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Figure 34. Raman spectra of various Si, C,_, cluster films for different
x values (the same as those in Fig. 8). For comparison, SiC Raman lines
in the bulk crystalline phase (SiC 2H-4) are also displayed.
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10 mW (Fig. 34). This signal is related to the phototrans-
formation of the sample under laser irradiation (dark-
ening of the irradiated zone). The peaks at high energy
are attributed to the “graphitization effect” leading to
the formation of amorphous carbon phase with the two
characteristic bands labelled G (near 1580 cm~!) and D
(disorder) near 1300 cm~! [214]. We also observe bands
at 766-815 and 965 cm~! that characterize Si—C vibra-
tional modes. For comparison, the Raman allowed peaks
in SiC 2H-4 crystal are given in Figure 34.

The specific electronic structures of the mixed silicon—
carbon cluster assembled films are probed by XPS and
Auger spectroscopies. Figure 35a shows the Si 2p core
level line observed in the Si,C,_, film with x = 0.12.
For comparison, the lines for bulk silicon (labelled Si-
2) and SiC 2H-4 are reported in Figure 35a. The line
in Sij;,Cygs is located between the Si-2 and the SiC
crystalline phase ones. Figure 10b displays the C 1s
core level line observed in the Si;,,C,gs film. In this
case, the line just coincides with the line of HOPG
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Figure 35. Si 2p core level lines (a) and Si LVV-lines (c) measured by
XPS and AES, respectively, in Si-2, SiC 2H-4, and Si;,, C,g samples.
C 1s core level lines (b) and C KLL lines (d) measured in HOPG, SiC
2H-4, and Si;;, C,g4s samples.

(threefold hybridization). Figure 35c shows the Si LIV
lines observed in Si-2, SiC 2H-4, and Si;,Cjg4s sam-
ples, respectively. It is well known that the Auger shift
is enhanced compared to XPS due to the strong extra-
atomic relaxation effects in the Auger process. The main
band observed in the cluster film at 86.4 eV is slightly
shifted with respect to the SiC reference (87.1 eV) and
significantly differs from the one in Si-2 (91.3 eV). This
result corroborates the expected Si-C bonding in our
film. In Figure 35d are reported the carbon KLL lines
measured in SiC 2H-4, HOPG, and Si;,C, g, respec-
tively. The KLL line in the cluster film presents striking
similarities with the HOPG line even for the satel-
lite peaks at low energy. The shoulder labelled s in
Figure 35d is partially attributed to the m-component in
the electron density of states. In addition, Si LIV fine
structure is similar to a sp*-like configuration as expected
in heterofullerenes [217].

Although the AES and XPS analyses of the cluster
films reveal some striking similarities with SiC 2H-4, we
point out some discrepancies that could be the signature
of a new SiC phase. The amplitude of the Si 2p core
level shift (Si-2 being the reference) is larger in SiC 2H-4
than in Si; 1, C, g3. Conversely, the amplitude of the shift is
larger in the cluster film for the LVV line. To explain such
effects one has to consider that the core level shift has
two origins: the chemical bonding and the extra-atomic
relaxation due to the electron—core hole interaction dur-
ing the ejection of the photoelectron. This latter (final)
state is described in terms of dielectric medium [253].
Auger lines are more sensitive to the extra-atomic relax-
ation. A complete analysis reveals that the chemical shift
between Si and C is less efficient in Sij,C,gs than the
one observed in SiC 2H-4. Since carbon atoms surround
silicon, the carbon ones replace the dielectric constant of
the SiC lattice. Even though we have no available infor-
mation about this term, its value ranges between that of
graphite and Cg,. Consequently, the extra-atomic relax-
ation will be less efficient in Si,;,C,gs as compared to
SiC 2H-4, explaining the larger shift in the Sij ,C g LVV
line (we recall that the Auger process involving two core
holes is very sensitive to the relaxation energy). Never-
theless, the lower shift observed in the Si 2p core level
line reveals a small chemical shift in Sij,C,¢ as com-
pared to SiC 2H-4. This is emphasized since extra-atomic
relaxation shift counterbalances the pure chemical shift.
This latter result supports the idea of a SiC bonding
in Sij;,Cyg films different from those in the bulk SiC
phase. In particular, the chemical shift is strongly sen-
sitive to the electron transfer from silicon toward other
elements. For example, the presence of dangling bonds
in heterofullerenes will be a plausible explanation of the
low chemical core level shift in Si,;,C,g¢ films. Unfor-
tunately, we have no available information about Si-C
bonding in the cluster films from Raman spectra due to
the low stability of the films under laser irradiation. For
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the cluster films with x = 0.5, XPS, Auger, and Raman
spectroscopies reveal a combination between Si, C, and
SiC clusters having a tetrahedral structure. In this case,
no heterofullerenes have been pointed out.

9. CONCLUSIONS, PERSPECTIVES

What are the principal ideas presented in this chapter?

First, useful models to analyze the first stages of thin
film growth by cluster deposition have been presented in
detail (Section 3). These models are useful at a funda-
mental level, and we have shown in Section 4 how many
experimental results concerning submonolayer growth can
be interpreted by combining these few simple processes
(deposition, diffusion, evaporation, ... ). Specifically, by
comparing the experimental evolution of the island den-
sity as a function of the number of deposited particles to
the predictions of computer simulations, one can obtain
quantitative information about the relevant elementary
processes.

Second, the quantitative information on diffusion has
shown that large clusters can move rapidly on the surface,
with diffusion constants comparable to the atomic ones.
A first attempt to understand this high diffusivity at the
atomic level is given in Section 7: the conclusion is that
rapid cluster diffusion might be quite common, provided
the cluster and the substrate do not find an epitaxial
arrangement. Concerning cluster—cluster coalescence, it
has been suggested that this process can be much slower
than predicted by the usual sintering theories [174], prob-
ably because of the cluster facets.

Third, despite all the approximations involved in its
derivation, Figure 27 gives important information on the
morphology of the film: an upper limit for the ratio of the
size of the compact domains over the size of the incident
clusters. This helps in understanding why cluster depo-
sition leads to nanostructured films provided the depo-
sition temperature is low compared to the fusion tem-
perature of the material deposited (7; < T;/4). Clearly,
further experimental and theoretical work is needed in
order to confirm (or invalidate) Figure 27.

Finally, we have shown that nanostructured materi-
als obtained from clusters preformed in the gas phase
exhibit original structures and properties interesting for
the developments of both fundamental studies in the
field of nanophysics and various applications in nano-
optics, magnetism, electronics, etc. The low energy clus-
ter beam deposition technique especially developed for
the preparation of such materials offers some unique
potentialities to stabilize new nanostructured phases with
properties directly related to those of the incident free
clusters. Metallic as well as covalent systems are inves-
tigated using this technique. Moreover, pure or mixed
clusters are synthesized in all cases for prospects in a
wide range of nanostructured materials science. The main
aspects attached to the preparation and characterization

of cluster assembled materials have been described in
this chapter, complemented by some specific examples
of cluster based systems with original optical, magnetic,
or electronic properties. In the field of optical nanos-
tructures, pure or mixed noble metal clusters (Au, Ag,
and Au,Ag, ) embedded in transparent media have
been studied for a better understanding of their optical
responses related to plasmon excitations. The studies of
magnetic nanostructures from pure transition metal clus-
ters (Co) or mixed transition—rare earth clusters (Co—-Sm)
have demonstrated capabilities for increasing the mag-
netic anisotropy and consequently the blocking tempera-
ture of nanosystems in view of future applications of high
density memory devices and spin electronics. In this case
enhanced surface effects combined with magnetocrys-
talline anisotropy effects are at the origin of a blocking
temperature as large as room temperature for nanopar-
ticles with diameters as low as a few nanometers. In
the field of semiconducting nanostructures, cagelike sili-
con and mixed silicon—carbon clusters (fullerenes, stuffed
fullerenes, heterofullerenes) are successfully used to pro-
duce nanostructured thin fims with electronic structures
and properties quite different from those of the corre-
sponding bulk crystalline phases. In the future, electronic
bandgap and/or photoluminescence efficiency controls
will be the positive results of such studies on covalent
semiconducting cluster assembled materials. Finally, fur-
ther studies to control the nucleation and growth process
of the low energy cluster deposits on functionalized sub-
strates to form 2D-organized cluster arrays could be the
ultimate step to realizing original quantum devices.

It is clear that we still need to understand many aspects
of the physics of cluster deposition. Possible investiga-
tion directions include the following, given in an arbitrary
order. First, the coalescence of nanoparticles has yet to
be understood and quantified. This is a basic question
for both submonolayer and thick materials. Second, one
has to characterize better the interaction between clus-
ters and the substrate, and especially its influence on the
cluster diffusion. It is also important to investigate the
possible interactions between the clusters, which could
dramatically affect the growth. Obtaining ordered arrays
of nanoparticles is a hot topic at this moment. A pos-
sibility is the pinning of the clusters on ordered surface
“defects” which demands a better understanding of clus-
ter interaction with them. Another idea is to use the
self-organization of some bacteria to produce an ordered
array on which one could arrange the clusters (see [212],
especially Chap. 5). Clearly, investigating the interaction
of clusters with biological substrates is not an easy task,
but it is known that practical results are not always linked
to a clear understanding of the underlying mechanisms.
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